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ABSTRACT
The fatigue behavior of structural components in the regime of very high cycle fa-
tigue (VHCF) (106 − 109 cycles) has been attracting increased commercial interest as com-
ponents are increasingly being called upon to perform in this regime of lifetimes. In VHCF,
the applied stresses relative to the yield stress are very low. Therefore, it is presumed that
a substantial portion of fatigue lifetime is consumed by the fatigue crack initiation process,
and that cyclic plasticity only accumulates in microstructural neighborhoods that are sus-
ceptible to fatigue damage accumulation. Thus, microstructural heterogeneity is believed
to significantly effect the fatigue lifetime variability.
The very high cycle fatigue behavior of Ti-6246 has been investigated using ultrasonic
fatigue techniques, and lifetimes ranging from 106−109 cycles have been observed. Fatigue
cracks initiate by facet formation within αp grains. It has been found that the facets form in
grains that are slightly larger than average and that the facets appear to form by a process
of slip since the facet plane normals are oriented approximately 35-55◦ with respect to the
tensile axis. Three characteristic fatigue crack initiation sites have been identified. These
initiation sites, ranked in order of increasing fatigue resistance are: surface, subsurface
with isolated facets, and subsurface with contiguous transgranular faceting. The texture of
the material in these initiation regions is favorable for basal and prism slip. This texture is
derived from the prior β texture, and a mechanism of fatigue crack initiation resulting from
strain incompatibility has been proposed.
xviii
Fatigue crack growth experiments have been completed to measure the influence of
local texture on the ease of fatigue crack initiation and the resulting fatigue crack growth
rates. These experiments have found that the controlling microstructural dimension is on
the order of 20-25µm. The texture appears to affect initiation of fatigue cracks from notches
as well. For notches placed within neighborhoods favorably oriented for basal slip, fatigue
crack initiation will be encouraged. However, for notches placed within microstructural




1.1 Background and Objectives
As the systems-level reliability of transportation and power generation systems continues
to improve, components are being driven to the limits of material performance capabilities.
As a result, the fatigue behavior of components such as automobile cylinder heads, engine
blocks, and turbine engine components in the fatigue regime of 106 − 109 cycles is a major
design criterion. Therefore, the successful application of safe-life design practices requires
the understanding of fatigue behavior in the regime of high cycle (HCF) and very high
cycle fatigue (VHCF), with the lifetimes in these regimes being defined as 105 − 107, and
107 − 109 cycles, respectively.
Additional motivation to develop more accurate understanding of the VHCF behav-
ior of components comes from fleet maintenance and sustainment concerns. The US Air
Force, for example, owns approximately 20,000 turbine engines, and the maintenance and
sustainment of this fleet consumes a substantial portion of their multi-billion dollar annual
budget. Many of these aircraft are already operating beyond their designed lifetimes due
to the reduction in aircraft acquisitions over the past 15-20 years. By some estimates, [1]
outright replacement of these aircraft would cost somewhere in the range of $300 billion,
which is not a feasible sustainment plan. Therefore, for safe-life extension of these legacy
components, more accurate models of material behavior in the VHCF regime are needed.
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These two examples are representative of a larger number of cases throughout the trans-
portation and power generation sectors in which components are expected to remain in ser-
vice into the very high cycle fatigue regime, either by design or through safe life extension
practices. In this regime of fatigue behavior, the scatter in lifetimes can be substantial. If
one considers the fatigue lifetimes of a number of specimens as a distribution rather than
a deterministic value, the resulting retirement practice shown in Figure 1.1 schematically
illustrates the statistically unused lifetimes. The current lifing approach used by the Air
Force for fracture critical turbine engine components is to retire components at the point
where the probability of failure is equal to 0.1%. For example, in the case where lifetimes
range from 106 − 109 cycles, all components would be retired after approximately 106 cy-
cles. Aerospace turbine engine manufacturers use similar approaches in which probabilities
of failure are fit to experimental data and extrapolated to acceptably low risk levels such as
-3σ. Thus, the components that would have survived for 109 cycles have been retired very
early relative to their full safe life potential as illustrated in the probability of failure plot
in Figure 1.1, which is applicable to low cycle fatigue (LCF) behavior. The Department
of Defense has also outlined guiding principles that are to be employed in testing and val-
idation of fracture critical structural engine components with the handbook on the Engine
Structural Integrity Program (ENSIP) [2]. This handbook provides distinctions between
low and high cycle fatigue behavior and has separate guidelines for lifing components in
each of these regimes of fatigue behavior. Further, this handbook stipulates that fatigue
testing should be completed for lifetimes as long as 109 cycles to accurately life these com-
ponents. From these motivations, there is a practical desire to understand the HCF and
VHCF behavior of these structural materials.
In the VHCF regime, the applied loads are nominally elastic, and cyclic damage accu-
mulation is presumed to occur only in localized areas where the microstructural neighbor-
hood is suitable for fatigue crack initiation. For materials free of inclusions or porosity, the
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fatigue crack initiation process is believed to be controlled by the distribution of fatigue
critical microstructures or so-called “hot spots” [3] in which damage may accumulate. In
other words, microstructure can be modeled as a distribution as shown in Figure 1.2 where
microstructural feature can refer to grain size, clustering, crystallographic orientation, etc.
These fatigue critical regions will be distributed throughout structural components, due to
the natural variability resulting from thermomechanical processing. Thus, given nominally
elastic loading, under the lower nominal stresses associated with very long life fatigue,
microstructural variability is expected to be an important influence on fatigue lifetime vari-
ability. As noted [4] in the literature, the majority of fatigue lifetime in the regime of VHCF
is spent in the process of fatigue crack initiation. Given the inherent variability in fatigue
damage accumulation processes, it is more appropriate to think of fatigue crack initiation
lifetime as a distribution rather than as a deterministic quantity. Therefore, many speci-
mens must be tested at every stress level of interest to characterize this lifetime distribution
and the characteristics of the microstructural neighborhoods associated with fatigue crack
initiation.
After a crack has initiated, it will begin to propagate as a small fatigue crack, which is
known to be a microstructurally sensitive process. Thus, the effect of microstructure on the
small fatigue crack growth behavior must be considered separately from the effect of micro-
structure on the fatigue crack initiation process, as the damage accumulation mechanisms
will differ.
Through characterization of the fatigue crack initiating regions, it is possible to iden-
tify and quantify the microstructural configurations responsible for fatigue crack initiation.
These microstructural “hot spots” observed at the crack initiation site can be used as a
means for determining the mechanism of fatigue crack initiation and ranking the severity
of these individual regions.
The objectives of this thesis are to:
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Figure 1.1: This schematic illustrates the statistically unused service lifetimes of fracture
critical turbine engine components under current lifing practices. After [1].
1.) Characterize the VHCF behavior of the α + β titanium alloy, Ti-6Al-2Sn-4Zr-6Mo.
2.) Identify the microstructural features responsible for damage accumulation and de-
termine the mechanisms of fatigue failure on fatigue crack intitiation.
3.) Determine the effect of the distribution in microstructure on small fatigue crack
growth.
4.) Compare the prevalence of fatigue critical microstructural regions to those found in
the nominal microstructure.
1.2 Approach
The nature of the current research is dependent on characterizing the distribution of fatigue
lifetimes as a result of microstructural variability, and as a result, a number of repeat tests
must be performed to generate statistically representative lifetime distributions at the stress
levels of interest. Ultrasonic fatigue techniques allow researchers to rapidly accumulate
fatigue lifetime data in the long lifetime regime of fatigue. S-N type fatigue tests have been
conducted using ultrasonic frequency (20 kHz) techniques in the range of 0.4-0.6 σYS at a
stress ratio of 0.05 at room temperature in lab air.
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Figure 1.2: This chart schematically illustrates the distribution of a given microstructural
feature.
A majority of the experimental efforts in the current investigation have focused on char-
acterization of the regions of material near the fatigue crack initiation site to develop an
understanding of the mechanism of fatigue crack initiation. Fractographic analysis has
been completed on these specimens to quantify the features observed at the site of fatigue
crack initiation and to determine if microstructural “hot spots” responsible for fatigue crack
initiation can be uniquely identified. Additionally, the grain size, area fraction, crystallo-
graphic orientation, spatial orientation, and texture at the fatigue crack initiation sites have
been investigated.
Small fatigue crack growth tests have also been conducted to characterize the vari-
ability in small fatigue crack growth rates and relate this variability to the distribution of
microstructural features. The same types of analyses have been completed in small fa-
tigue crack growth experiments. Namely, to determine if any of these features enhance the
probability of fatigue crack initiation from micronotches or if they affect growth rates.
The results of these analyses are then compared to the distribution of microstructural
features observed in the general microstructure as a gauge of the likelihood of initiating a
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crack in these regions. This is completed as a method to determine the prevalence of the
observed “hot spots” in the nominal microstructure.
This thesis is organized into six chapters. Chapter 1 presents the motivation, approach,
and methodology for this study. Chapter 2 summarizes the pertinent literature. Chapter 3
details the experimental methods used in this study. Chapter 4 presents the ultrasonic fa-
tigue behavior and fractographic analysis of fatigue fracture surfaces. The effect of texture
on the fatigue crack initiation behavior of this alloys is also described in Chapter 4. Chapter
5 presents the results of the small fatigue crack growth testing on this alloy. Conclusions




This chapter reviews the literature pertinent to the research described in this thesis. The
relevant literature is treated in four distinct sections. The first section deals with physical
and mechanical metallurgy and includes discussion of the relevant processing routes and
deformation of titanium alloy microstructures. The second section focuses on the fatigue
behavior of titanium alloys and relates this to microstructure as it is conventionally un-
derstood. This section includes discussion of the effects of microstructure on both fatigue
crack initiation and fatigue crack propagation. The third section summarizes literature rel-
evant to the objectives and approach of this thesis and discusses very high cycle fatigue.
The fourth section addresses some experimental techniques employed in this thesis. The
fifth section is dedicated to summarizing these reports and identifying the open questions
which this thesis addresses.
2.1 Introduction and Metallurgy of Titanium
Titanium was first suspected to be a distinct material in 1791 by Gregor upon observa-
tion of the oxide ilmenite. In 1795, Klaproth identified rutile as being an oxide of the
same material. Due to titanium’s affinity for oxygen and nitrogen, it is very difficult to
extract. It was not until the twentieth century (1937-1940) that the Kroll process was de-
veloped as an effective means for production of pure titanium. The Kroll process involves
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extraction of titanium from ore by creating TiCl4 and subsequent reaction with Mg to pro-
duce titanium sponge, which can then be melted down and formed into ingots. Usage of
titanium increased dramactically during the 1950’s and 1960’s as aerospace applications
needed a strong yet lightweight structural material. Titanium alloys are now commonly
used in sports equipment, prostheses, airframes, chemical processing industries and auto-
motive applications, owing to their high specific strength, corrosion resistance, moderate
temperature oxidation resistance and biocompatibility [5–7].
As shown in Figure 2.1, titanium alloys exhibit high specific strength relative to other
structural metals such as steel and nickel-based alloys, which leads to its use in weight
saving applications despite higher costs relative to ferrous materials. They also exhibit
good moderate temperature (up to 540◦C) fatigue resistance and excellent corrosion resis-
tance. The combination of these properties makes titanium alloys a preferred choice over
other iron- and nickel-based structural alloys for aerospace applications, where a balance
of strength and weight is desired for moderate temperature applications. Improvements in
fatigue resistance result from the ability to refine and control the morphology and composi-
tion of the microstructure. The following section describes titanium metallurgy as it relates
to processing and mechanical deformation of these alloys.
2.1.1 Physical Metallurgy
As the phase diagram in Figure 2.2 illustrates, pure titanium exists in two different crystal
structures; the equilibrium phase at room temperature is the alpha phase, while at temper-
atures higher than 882◦C the beta phase is stable. As shown in Figure 2.3 the alpha phase
is a hexagonal close-packed structure, and the beta phase exists in a body centered cubic
structure. The atoms within the lattice are highlighted in red for clarity. The temperature of
this transformation, the beta transus, is determined by the alloy composition. Alloy com-
position and thermal-mechanical processing routes afford a significant level of control over
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Figure 2.1: This plot illustrates that the specific strength of titanium alloys is higher than
steel and nickel based alloys below 800 K, after [5].
the morphology of the microstructure and the volume fraction of the α and β phases. It
is mainly through the manipulation of these phases that the mechanical properties of tita-
nium alloys are controlled. Titanium alloys are generally classified as α, α+β, or β alloys,
depending on the alloy composition or processing routes. The effect of alloying additions
will be discussed first.
Aluminum is well known as an α-stabilizer, meaning that as its composition is in-
creased, it raises the temperature at which the β → α + β allotropic transformation occurs,
as shown in Figure 2.2. Additions of aluminum improve the strength and oxidation behav-
ior of titanium alloys. However, high aluminum content increases slip planarity within the
alpha phase, which will be discussed later, and with concentrations in excess of 10% alloys
are susceptible to stress corrosion cracking [8]. Additionally, precipitation of the brittle
Ti3Al phase has been observed at concentrations just above 6% aluminum equivalent. The
aluminum equivalent is a phenomenological model that quantifies the propensity of various
alloying elements to form brittle intermetallic phases and is given in Equation 2.1 [5]. Thus,
in applications where damage tolerance is a design criterion, titanium alloys containing less
than 6% aluminum are used, and the current discussion of the metallurgy of titanium will
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therefore be focused on alloys in this range. Interstitial additions of oxygen, nitrogen and
carbon also strengthen the α-phase, however they are prone to forming hard alpha and
as result are treated as impurities. Tin and zirconium are neutral from a thermodynamic
perspective, as they do not affect the α/β phase boundary, however they do preferentially
segregate to the α phase and increase the strength of the α phase through solid solution
strengthening. Common β-stabilizing elements are molybdenum, vanadium, chromium,
niobium and iron, which all decrease the beta transus temperature and strengthen the beta
phase by solid solution strengthening.
Aleq. = wt.%Al + 1/3wt.%S n + 1/6wt.%Zr + 10wt.%O (2.1)
In applications where corrosion resistance and deformability are important design cri-
teria, α titanium alloys are typically selected [5]. Also, they are employed in cryogenic
applications since they have little or no beta phase present and do not exhibit a ductile to
brittle transition, which allows them to maintain their ductility at low temperatures. α tita-
nium alloys generally possess the highest strength and best oxidation resistance while still
maintaining good weldability. β titanium alloys are typically used in applications where
higher strength is required, however this gain is realized at the expense of ductility and
weight [5]. β titanium alloys are typically used as fasteners, and they exhibit better weld-
ability than α + β alloys and do respond to heat treaments [7]. In applications where high
specific strengths are required, α + β alloys are generally used, since they typically display
the beneficial properties of α alloys in combination with the higher strength matrix of β
phase material, they respond to heat treament, but are less formable than α alloys.
Due to the allotropic transformation, a variety of microstructural morphologies can be
achieved through thermomechanical processing and alloying additions, as shown in Figure
2.4. While the composition of the alloy will affect the morphologies that can be achieved,
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Figure 2.2: The binary phase diagram for the titanium aluminum system illustrates the
α-stabilizing effect that aluminum has when alloyed in titanium, after [9].
these microstructural morphologies result mainly from variations in thermomechanical pro-
cessing. The most common classes of microstructural morphologies are equiaxed α, lamel-
lar α, equiaxed α + transformed β, and Widmanstätten. There are a number of thermome-
chanical processing steps necessary to form these microstructural morphologies, and these
will be discussed in the next section.
2.1.2 Description of Microstructure
Figure 2.5 is a schematic of the duplex microstrutures commonly observed in titanium
alloys composed of an equiaxed αp phase and a transformed β matrix phase. As this figure
shows, there are a number of different features that range in size and morphology. Each
of these phases forms due to the thermomechanical processing of these alloys near the
allotropic transformation temperature. The lath α phase forms by a transformation from the
β phase according to the Burgers orientation relationship (OR), and thus the close packed
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Figure 2.3: This schematic depicts the hcp crystal structure of the α phase and the bcc
crystal structure of the β phase. The atoms in the center plane of the unit cell are shown in
red for clarity.
planes of the β phase are aligned with the close packed planes in the α phase. As a result,
slip is often continuous across the lath α regions, or colonies. The equiaxed αp grains
evolve from α laths by a process of spherodization. During this process, αp grains do not
necessarily maintain the Burgers OR with the beta phase. As a result, slip is not necessarily
continuous between α grains and the β matrix. The implications of the Burgers OR on slip
will be discussed in more detail later. Since mechanical properties often scale with the
maximum effective slip length the length scale of the microstructure, it is important to
understand the nature of slip transmission across these interfaces and grain boundaries.
2.1.3 Thermomechanical Processing of Titanium Alloys
Since the alloy studied in this investigation has been processed in the α + β phase field to
produce a duplex microstructure, the following discussion focuses on the processing steps
required to produce this microstructure and highlights potential defects that may arise from
the different stages of processing [5, 6, 10–12].
The forging and heat treatment steps are illustrated schematically for producing duplex
alloys in Figure 2.6. To produce bulk material, titanium alloys are homogenized and refined
into an ingot using vacuum arc remelting (VAR) or the more recently developed cold hearth
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Figure 2.4: Micrographs depicting the morphology and length scale attainable through
control of thermomechanical processing and alloying additions in titanium, after [10]
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Figure 2.5: A schematic depiction of a titanium alloy with a duplex microstructure.
melting. Material can be processed using multiple VAR passes to insure that melt related
defects such as hard alpha, high density inclusions, beta flecks, alpha stabilized regions, and
voids are not present in the final ingot. Following solidification, the forging and forming
operations can result in the formation of microstructural defects such as β texture, abnormal
β grains, α texture resulting from variant selection, and improperly spherodized αp grains.
The processing steps to produce an equiaxed α + transformed β microstructure will be
discussed below, and the potential for defect creation will be highlighted.
2.1.3.1 β Phase Homogenization
As shown in Figure 2.6, the first step following solidification of an ingot is to homogenize
the β grain size and composition within the ingot. The initial rolling or reduction will
be completed in the β phase field, followed by fan cooling. Due to variations in how
the imposed forging strain is distributed among the β grains, this step can result in the
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formation of abnormally large prior β grains or β texture. Therefore, the β grains need to
be recrystallized. The work piece is heavily forged in the α + β phase field just below the β
transus to deform the material sufficiently to serve as the driving force for the nucleation of
the recrystallized β grains. Then, the material is heated into the β phase field and worked
30-40% while the β grains recrystallize and the average grain size following this step is
on the order of 1 mm. The workpiece is then cooled, and α colonies form according to
the Burgers orientation relationship within the prior β grains. These primary forging steps
homogenize and refine the microstructure of the alloy and also influence the texture of the
material that eventually comprises the prior β phase.
2.1.3.2 α + β phase deformation
Following the homogenization of the β phase, the work piece is forged in the α + β phase
field. The temperature at which this hot working is completed will determine the final
microstructure. For example, forging at temperatures near the Tβ, there will be a lower
volume fraction of the α phase and therefore a β texture could develop. At lower forging
temperatures, an α phase texture can develop. The cooling rate from this forging process
will also affect the microstructure by increasing the coarseness of the α laths. At this point,
the microstructure is a lamellar α structure, and in this step the material is forged to break up
the α lamella. The individual broken segments of the α lamella will coarsen in subsequent
processing to form the equiaxed αp grains. This process is referred to as spherodization,
and there are two potential paths that lead to formation of αp grains from α laths. The
first process that can form αp grains is dynamic spherodization, and this occurs when laths
gradually coarsen and become equiaxed in the presence of externally imposed stresses at
hot working temperatures. The second mechanism of αp formation is static spherodization,
which occurs at elevated temperatures in the absence of externally imposed stresses by
a diffusion process analogous to grain growth. The significance of this is that dynamic
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Figure 2.6: This diagram schematically depicts the thermomechanical processing em-
ployed in the production of duplex titanium alloys. After [11].
spherodization can result in rotation of the αp grains with respect to the β matrix, while
static spherodization does not necessarily cause such crystallographic rotation. This will
be further discussed in Section 2.1.4.6. Following the spherodization process, the material
is cooled, and the lath α nucleates and grows from the prior β grains according to the
Burgers orientation relationship.
2.1.3.3 Secondary Forming
Following the mill/primary processing, secondary forging operations are completed to yield
a product in the correct form, and during these steps, the αp grains may coarsen and grow.
These steps allow for the refinement of the microstructure and, depending on the temper-
ature at which this forming operation is conducted, different textures may develop. The
cooling rate from this processing step will determine the ultimate α lath thickness. Follow-
ing this process, the material is formed to a near component shape and prepared for final
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machining and forming operations.
2.1.4 Mechanical Metallurgy of Titanium
2.1.4.1 Slip in HCP Crystals
Due to the anisotropy of the hcp unit cell, slip deformation in titanium and its alloys is
heterogeneous. Many researchers [13–21] have investigated the monotonic deformation of
α + β titanium alloys to determine the effect of temperature, alloying additions and crystal
orientation on the critical resolved shear stress (CRSS) for various slip planes. The typical











-type planes, and Figure 2.7 highlights these planes (red) and slip directions (blue).
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Burgers vector may also be active [22]. These pryamidal and twinning
mechanisms are typically much harder to activate than the other 〈a〉-type slip systems.
However, they may be activated if the crystal is oriented for deformation along the 〈c〉 axis.
As a first approximation, the active slip systems are the close-packed planes, and in
hexagonal crystals the atomic packing fraction on crystallographic planes is related to the
c/a ratio of the unit cell. For pure titanium, c/a = 1.587, which is slightly less than the ideal
packing ratio of 1.633. Since c/a is less than 1.633 for pure titanium, this approach would
suggest that slip will be active on the prism planes since the atomic packing fraction is
highest on those planes. However, alloy element additions and elevated temperatures may
serve to change the packing density on these planes and activate other slip systems. Of the
hcp metals, beryllium is the only metal to exhibit preference for basal slip with increasing
purity. Some researchers [23] have suggested that the the stacking fault energy in beryllium
17
Figure 2.7: This figure schematically illustrates the slip planes (red) and possible slip
directions (blue) in the hcp crystal structure for a.) basal, b.) prismatic, c.) pyramidal-I,
and d.) pyramidal-II.
is low enough that it does not inhibit basal slip.
It is generally [13, 15, 16, 18] agreed that prismatic slip has the lowest critical resolved
shear stress of the available deformation modes in pure titanium and Ti-Al alloys. Results
from the literature on the monotonic deformation of pure titanium and its alloys with mi-
crostructures ranging from single crystals to single colony and polycrystalline samples are
summarized in Table 2.1.
2.1.4.2 Slip in Ti-Al Single Crystals
Paton et al. [13] found that prism slip is easily activated in lean alloys and at low tem-
peratures, but that the CRSS of prismatic slip is sensitive to aluminum concentration and
deformation temperature. The CRSS for basal slip, on the other hand, was relatively in-
sensitive to aluminum concentration. Thus, as aluminum concentration is increased, to
approximately 6.6%, the CRSS for basal and prism slip was nearly identical. This can be
attributed to the fact that α-stabilizing subsititutional elements such as aluminum, tin, and
oxygen have a smaller bond length than titanium and therefore increase the atomic packing
fraction on basal planes relative to prism planes. Williams and coworkers [16] investigated
the deformation behavior of Ti-Al single crystals with compositions ranging from 1.4 to
6.6% Al. Both investigations, in the temperature range of 300-1000 K, conclude that the
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CRSS for basal and prismatic slip become essentially equal at higher aluminum concen-





plane is much higher than that for basal or prism slip in these composition
ranges and temperatures. Interestingly, the CRSS for pyramidal 〈a〉 slip is high enough that
even in crystals oriented for 〈c + a〉 slip, basal slip was still preferentially activated when
the basal plane normal was only 14◦ misoriented from the tensile axis.
2.1.4.3 Slip in Ti-Al Single Colony Samples
The monotonic deformation behavior of single colony samples of near-α titanium alloys
has been investigated in a few recent studies [19,20]. These studies investigated the effect of
the α/β interface on the CRSS for the basal and prismatic slip systems. The earlier work of
Suri et al. [20] determined that there is anisotropy in the a1 and a2 slip directions, resulting
from the interaction of dislocations with the α/β interface. Savage et al. [19] investigated
the effect of colony orientation relative to the tensile axis on the measured CRSS, and
the results are summarized in Table 2.1. Basal slip, on average, was found to be more
difficult to activate than prismatic slip. Numerous finely spaced slip lines were observed in
the case of basal slip, whereas in samples oriented for prism slip only a few well-defined
slip lines were observed. These observations suggest that increased hardening activity on
basal planes relative to prismatic planes was partially responsible for the differences in the
CRSS. This is consistent with what was observed by Suri et al. in which work hardening
was not observed for crystals oriented for easy slip transfer from α to β. Ultimately, this is
attributed to the alignment of slip planes and directions between the α and β planes in the
case of prismatic slip, as will be described in Section 2.1.4.6.
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2.1.4.4 Slip in Ti-Al Polycrystals
The work of Jones and Hutchinson [18] in highly textured polycrystalline Ti-6Al-4V also
shows that basal and prismatic slip have a low CRSS. However, their results indicate that
the CRSS for 〈a〉-type pyramidal slip is also quite low, which was previously not reported
in the literature. They do agree with other published reports that the CRSS for 〈c + a〉 slip
is higher than that for other slip systems. In situ tests have been completed by Bridier et
al. [15] to determine which slip systems are activated to accommodate monotonic deforma-
tion in a polycrystalline Ti-6Al-4V alloy with a duplex microstructure. They were able to
identify slip traces within αp grains that corresponded to prism slip in one test and predom-
inantly basal slip in another test. Only in rare cases was the 〈a〉-type first order pyramidal
slip activated. This result agrees with the work of Williams et al. [16] where the pyramidal
slip system was observed to have the highest critical resolved shear stress and was therefore
least likely to be activated. Zaefferer [17] invesitgated textured Ti-6Al-4V and found that
the critical resolved shear stress for prismatic slip was nearly the same as that for basal slip,
however actual values were not measured and only relative values were presented. Zaef-
ferer also noted that the critical resolved shear stress for pyramidal slip was quite low, but
not many dislocations with a 〈c + a〉 character were observed in TEM investigations. The
absence of 〈c + a〉 slip was attributed to the fine α grain size and the constraining influence
of the β phase. Lin and coworkers [21] observed that slip was continuous across alpha
colonies, since slip could effectively transfer between the α and β phases due to the Burg-
ers orientation relationship. However, Widmanstätten colony boundaries were significant
barriers to slip. Peters and coworkers investigated heavily textured Ti-6Al-4V, and they
observed that the elastic modulus and yield strength values were found to be higher in ori-
entations where the loading was applied normal to the basal plane [24]. Figure 2.9 is a plot
of the CRSS as a function of the angle between the tensile axis and the slip system, where it
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deform by 〈c + a〉 slip and the CRSS values are assumed to be a ratio of 1:4, respectively.
Thus, the yield stress is expected to be inversely proportional to the bold line drawn in this
figure. This figure summarizes the expected slip systems responsible for deformation in
α + β titanium alloys.
2.1.4.5 Summary of Slip in Ti-Al Alloys
From these results, basal and prism slip are assumed to have equivalently low CRSS, and
a ranking of the CRSS from lowest to highest for the respective slip is prism, basal, and
pyramidal 〈a〉 with an approximate ratio of CRSS of 0.7, 1.0, 3.0, respectively [13, 16].
Commercially relevant titanium alloys are two phase microstructures and therefore the in-
teraction of the α+ β phases needs to be considered to develop an accurate model of defor-
mation within these complex microstructures. Since the allotropic transformation occurs
by a known relationship, the orientation relationship between these two phases must be
considered in any description of the slip processes.
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Slip Direction 〈a1〉 〈a2〉 〈a3〉 〈a1〉 〈a2〉 〈a3〉 〈a〉 〈c + a〉 〈c + a〉
- - - - 218 - - 450* 450* Ti-7.0Al(SX) [13]
- 210.8 - - 183 - - - 795 Textured Ti-6.9Al [13]
- 196 - - 196 - - 774** 774** Ti-6.6Al(SX) [16]
- 444 - - 392 - 404 631 - Ti-6Al-4V [18]
245.5 286.7 217.7 208 215 230 - - - Ti-6242Si(SC) [19]
- - - 266.5 292.5 - - - - Ti-5Al-2.5Sn-0.5Fe(SC) [20]
SX - Single crystal
SC - Single colony
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Figure 2.8: The plot illustrates the effect of temperatuere on the CRSS of various slip
planes in Ti-6.6%Al single crystals. After [13].
2.1.4.6 Effect of Burgers Orientation Relationship on Slip Transmission
The transformation from the bcc β phase to the hcp α phase was first documented in zirco-
nium by Burgers and then later verified in titanium [25]. The Burgers orientation relation-
ship for the α and β phases is shown in Equation 2.2, and this illustrates that both the close
packed planes and directions in the bcc phase are aligned with the those of the alpha phase.
These planes are highlighted in Figure 2.10 for perspective. The symmetry of the hcp and
bcc crystal structures leads to the possibility that the hcp crystal structure can be related to
the bcc structure in one of twelve different configurations. Due to symmetry, these can be
simplified into six unique variants. The investigations of Stanford et al. and Bhattacharyya
indicate that there is a variant selection process by which some of these α phase orienta-
tions are selected more often than others [26, 27]. Figure 2.10 also illustrates that the slip
directions a1 and b1 are aligned, while the a2 and b2 directions are misaligned by 10.63◦.
High resolution TEM was used to make measurements of the misorientation of these slip
directions at the α/β interface by Mills et al. [28], and it was found that the misorientation
of these directions was actually on the order of 11.7◦.
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Initial research [29] indicated that the Burgers OR would result in relatively easy slip
transfer across the α/β interface. However, recent work by Suri et al. [20] discovered that
for specific orientations with respect to the loading axis (i.e. high resolved shear stress
along the a2 direction), the α/β interface does in fact act as an obstacle to slip transfer.
This orientation relationship between the two phases is known to influence the ease of slip
transfer across the α and β interface, and as a result much research has been conducted
characterize the nature of this interface [19, 20, 27, 28]. Thus, the α/β grain boundary is
not expected to be an effective barrier to slip transfer in the former case. However, it may
indeed act as a slight barrier to slip transfer in the latter case. The work of Suri et al. [20]
explores the nature this α/β interface and its effect on the slip transmission between the two
phases. One of the most significant findings of this work was the observation of dislocation
pileups at the α/β interface for slip activity on a2, but not on a1, which indicates that
slip is not hindered by the presence of α/β interfaces for configurations in which the slip
directions are aligned in the α and β phases. Bhattacharyya et al. [27] found that specific
variants could be predicted if there was a 10.5◦ rotation about the {110}β orientation in two
adjacent β grains. The work of Stanford found that the α phase orientations are the same as
the orientations of the grain boundary α between β grains [26]. Furthermore, if the 〈110〉
planes are parallel in the two adjacent β grains, the intermediate α phase will have its c-axis
aligned with this direction.
In the formation of α lamella, this transformation results from a nucleation and growth
process, and therefore a known relationship between the α + β phases exists. The degree
to which the αp phase texture correlates with the prior β texture is determined by the sever-
ity of the forging and forming operations in the α + β phase field [12, 30]. The work of
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Woodfield et al. [30] determined that forging strains (ε) > 1.0% will result in a loss of
the Burgers OR. With static spherodization, the coarsening process allows the individual
lamella to maintain a crystallographic relationship with the prior β grains. It is through the
mechanism of dynamic spherodization that αp grains may lose the Burgers orientation rela-
tionship with respect to the prior β grains. To be clear, the αp grains are not forming through
a recrystallization from α lamella, but there may be rotation of the individual segments of
spherodizing α lamella relative to the β matrix during the forging operation, in which case
the Burgers orientation relationship is not maintained. Thus, if the strains imposed in the
billet are not high enough to initiate the process of dynamic spherodization, the α lamella
can form αp grains through the process of static spherodization. The amount of strain im-
posed during billet reduction will result in varying amounts of αp grains that maintain the
Burgers orientation relationship. Mechanical properties such as tensile strength or fatigue
behavior that are affected by the α phase texture can thus be related to the homogeneity
of the prior β texture. In summary, the αp grains will maintain the Burgers orientation
relationship if the material is not heavily deformed, while the lath α will nearly always
maintain the Burgers orientation relationship, since it forms upon cooling from the β phase
and is not subjected to any deformation process.
Given that the active slip systems in both the hcp α and bcc β phases will bear some
relationship with one another, the thermomechanical processing will influence the strength
of these alloys and serve to determine which slip planes will become active. The signif-
icance of this is that if the active slip plane in the α phase is not aligned with that of the
β phase, it will be difficult for this region of microstructure to accommodate deformation.
The incompatibility of slip across adjacent grains is often cited as a likely reason for strain
localization.
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Figure 2.10: This figure displays the Burgers orientation relationship between the alpha
and beta phases. The (0001) plane of the α phase and the (110) plane of the β phase have
been highlighted for clarity. The image on the right depicts the relationship between the
slip directions in the α and β phases.
2.2 Fatigue of α + β titanium alloys
The paradigm for determining the total fatigue lifetime of any structural component is to
sum the number of cycles necessary for fatigue crack initiation and fatigue crack growth.
Hall [31] refines this paradigm by dividing the crack growth contribution into two compo-
nents which describe small fatigue crack growth and long fatigue crack growth as distinct
components of the total fatigue life since these two regimes of behavior are affected by
microstructure in different ways. This is shown in Equation 2.3, where Nt is the total
fatigue lifetime, Nn is the number of cycles to fatigue crack initiation, Ns is the contribu-
tion of small fatigue crack growth, Nσ is the contribution of stable crack growth described
by linear elastic fracture mechanics, and Nδ is the portion of life spent in unstable crack
growth. The relative percentage of lifetime occupied by these individual components are
determined by the testing conditions and the material being investigated.
Nt = Nn + Ns + Nσ + Nδ (2.3)
A review of monotonic and cyclic mechanical behavior by Margolin and coworkers
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identifies that the fatigue performance of Ti-Al alloys is determined by the deformation
behavior and strength [32]. Alloys that are likely to exhibit strain localization tend to have
poor low cycle fatigue (LCF) (≤ 103 cycles) properties due to early crack intitiation in
slip bands, while alloys that exhibit higher strengths will display longer fatigue lifetimes
in the high cycle fatigue range. Margolin and coworkers also cite the ability of similarly
oriented grains to transmit slip from one grain to another in these alloys. In the LCF regime,
crack initiation occurs very early in life [33], and fatigue lifetimes are dominated by the
fatigue crack growth mechanisms [4]. At lower stresses in the regimes of high cycle (HCF)
(104 − 107 cycles) and very high cycle fatigue (VHCF) (107 − 109 cycles), fatigue crack
initiation occupies increasingly larger portions of the total fatigue lifetime [34, 35]. Thus
microstructural morphologies that exhibit improved LCF behavior, i.e. higher fatigue crack
growth resistance, generally will not exhibit superior HCF behavior, due to their inferior
fatigue crack initiation resistance.
The following sections describe the effect of microstructure on the fatigue performance
of titanium alloys. Due to the allotropic transformation and variations in thermomechanical
processing, commercial titanium alloys can be processed to yield multiphase microstruc-
tures with multiscalar features ranging from α laths less than 1 µm in size to regions of
microtexture, which are on the order of 500 µm. Thus, a significant level of control over
microstructure and hence the mechanical properties is attainable. The discussion of pre-
vious work will focus on the effects of microstructure, but certain investigations in which
environment or test conditions were varied will be highlighted when they provide insight
into the process of fatigue damage accumulation.
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2.2.1 Damage Accumulation and Fatigue Crack Initiation
The determination of when a fatigue crack has initiated is often open to interpretation and
is generally determined by the detection limits of the experimental equipment. Alterna-
tively, the number of cycles for crack initiation can be defined based on when a crack starts
behaving as a propagating fatigue crack. This will be determined by the scale of the micro-
structure and as such, fatigue cracks are considered to have initiated at different length
scales, ranging from individual α laths [36] to large α colonies [37, 38]. Hall presents the
formalism for this approach by defining these fatigue critical microstructural features as
crack-like discontinuities (CLD). A CLD is defined as the minimum feature size at which
the accumulated fatigue damage begins to behave as a fatigue crack. As Figure 2.11 il-
lustrates, a CLD may be related to the scale of the microstructure and for different heats
of material may be defined as αp grains, α colonies, prior β grains, or the size of micro-
textured regions. The multiscalar nature of titanium alloys has been noted in a number of
studies [32, 39] and is the subject of a recent paper by Rugg and coworkers [40] in which
they define the term effective structural unit size, which is the length scale over which de-
formation processes do not recognize boundaries. The distribution of these neighborhoods
or microstructural “hot spots” will determine the distribution of fatigue lifetimes. They
cite the significance of microtexturing on mechanical properties such as cold dwell fatigue
and notched high cycle fatigue as an example where the effective structural unit size that is
much larger than the grain size affects mechanical properties. Thus, both the microstructure
and the type of fatigue loading will ultimately determine the length scale of deformation
and, hence, which microstructural feature is responsible for fatigue crack initiation.
Much of the literature on fatigue crack initiation in α + β titanium alloys focuses on
analysis of the fracture surfaces to determine the deformation and possible strain accumu-
lation mechanisms that are responsible for crack initiation. In materials that do not contain
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Figure 2.11: This figure depicts the range of microstructural features which can be respon-
sible for fatigue crack initiation in α + β titanium alloys. a.) αp grains b.) α colonies c.)
prior β grains d.) microtextured regions. Taken from [41].
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inclusions or porosity, fatigue cracks will initiate in locations where the local microstruc-
ture promotes the accumulation of irreversible slip [34]. Hall’s review [41] of fatigue crack
initiation in α + β titanium alloys establishes that fatigue damage typically accumulates
in the alpha phase. This is physically reasonable since the α phase is typically the higher
volume phase, it has a higher propensity for strain localization, and the β phase is typically
harder owing to precipitation strengthening and a longer slip length(|b1| > |a1|).
The fatigue critical microstructural features have been identified as anamolous mi-
crostructural features such as large αp grains, α colonies, prior β grains, clusters of αp
grains or microtextured regions of similarly oriented α grains, as shown in Figure 2.11.
The cited mechanisms of fatigue crack initiation are slip band formation in α, α/β strain
incompatibility, strain incompatibility between adjacent α grains, or damage accumulation
across microtextured regions. In some investigations, mechanisms such as pseudo-cleavage
fracture of α grains or colonies have been proposed to account for the observation of facets
on the fracture surface at the site of fatigue crack initiation.
Numerous studies of fatigue behavior in α + β titanium alloys have been conducted to
determine the mechanism of fatigue crack initiation. The mechanism of crack initiation de-
pends on initial microstructure, and materials with a duplex microstructure are commonly
observed to initiate fatigue cracks on the basal plane of the αp grains [24,30,37,38,42–44].
Though, for certain microstructures and testing conditions, fatigue crack initiation was ob-
served on prism planes [45–47]. More recent work [46, 48, 49] has observed that both
basal and prism slip are activated in the crack initiating volume of material. In trans-
formed β structures, cracks typically initiate across the alpha colony or along the lath α/β
interface. Applied stress level will influence the crack initiation location as well. Typi-
cally, testing at higher stresses will encourage the formation of slip bands within the αp
grains or across α colonies [24, 37, 38, 42, 50–53]. However at lower stresses, many re-
searchers [33,36,50,53–57] have cited the α/β interface as the initiation site. In both cases,
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it is assumed that damage accumulation within the α phase leads to fatigue crack initiation.
At high stresses, the slip activity is severe enough that formation of slip bands is observed.
However, for testing completed at lower stresses, slip activity is more moderate and as a
result, continued cycling will lead to the accumulation of damage at the α/β interface, and
eventually fatigue crack initiation occurs at these locations due to strain incompatibility. In
subsequent sections, the range of microstructural features and mechanisms responsible for
fatigue crack initiation will be described.
2.2.1.1 Fatigue Critical Microstructural Features
Fatigue crack initiation sites are often described as neighborhoods of material where the
local microstructure is suitably oriented for slip accumulation. This is found to be the case
in Ni-based alloys [58], and is also true in titanium alloys where the two-phase nature of
the microstructures will affect the slip properties and damage accumulation mechanisms
within the phases. Two locations for crack initiation were noted across a number of studies
in the literature; namely crack initiation at α/β interfaces and cracks initiating from slip
bands within α grains. In some cases, the slip bands in α caused decohesion of the α grain
from the β matrix. Slip was intensified in cases where a number of α grains favorably
oriented for slip were in close proximity to one another. The next subsections detail the
microstructural configurations that enhance strain localization and fatigue crack initiation.
αp grains
Mahajan and Margolin [51] found that, in Ti-6246, fatigue cracks initiated in large α
grains or in areas where a number of α grains were clustered together. They speculated
that both of these features allowed slip to accumulate over long distances. At low strain
levels (εT /2=0.7-0.9 pct) crack initiation occurred at predominantly α/β interfaces, while
for higher strains (εT/2 ≥1.0 pct) crack initiation was favored within primary α grains.
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The basis for this behavior was proposed to be that the amount of irreversible slip accu-
mulated in the grain is proportional to the length of the slip path. These findings were
corroroborated in equiaxed α microstructures by Benson et al. [33] and by Akahori [54]
and coworkers in Widmanstätten and duplex microstructures. Based on their findings, Ma-
hajan and Margolin suggested that a likely method for improving the fatigue resistance of
this alloy is to increase the spacing between α grains or to refine the αp grain size to limit
slip transmission between αp grains or plastic deformation within grains, respectively.
α colonies
Akahori [54] and coworkers observed that crack initiation occurred across α colonies
in Widmanstätten structures. Further evidence for the development of slip bands across α
colonies is found in the work of other researchers [36, 38, 42, 59], and these observations
illustrate that slip is easily transmitted across the α laths in the transformed β regions. In one
study, the size of the initial crack was observed to be stress dependent, with cracks initiating
in one α needle at low stresses and across one or two full colonies at higher stresses [36].
The ease of slip transfer in these regions is attributed to the Burgers orientation relationship.
The accumulation of slip across αp/transformed β interfaces has been observed by Bridier
and coworkers [15], as well. These regions are typically larger than αp grains and thus,
they are often the dimension of maximum slip accumulation in α. Ruppen observed that
cracks initiated in α colonies where the α platlets were aligned with one another [59]. The
initiation facets were observed to be oriented at 45-55◦ with respect to the tensile axis.
αp clusters
Ravi Chandran and Jha [60] determined that clusters of αp grains are the fatigue critical
microstructural features in Ti-10V-2Fe-3Al in one population of failures, and were able
to correlate the sensitivity in lifetimes to the defect population using Poisson statistics.
This work provided evidence to support the theory of earlier researchers [51] that cited α
clusters as the microstructural neighborhood responsible for fatigue crack initiation and that
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increasing the spacing between αp grains acts to reduce slip transmission between grains.
Microtextured regions
Gilbert and Piehler [61] speculated that regions of similarly oriented α grains could
serve as the fatigue crack initiation sites when they observed subsurface cracking in
specimens subjected to bending fatigue. Regions of material with similar crystallo-
graphic orientation are observed to initiate fatigue cracks in a number of titanium al-
loys [30, 41, 46, 48, 49]. Notably, LeBiavant et al. [48] found that microtextured regions
that are inherited from the β texture are microstructural regions that are more suscepti-
ble to fatigue crack initiation. Increased susceptibility of microtextured regions to fatigue
cracking is speculated to occur, since fatigue damage is accomodated nearly uniformally in
these regions. Woodfield and coworkers [30] also observed that these heterogenous regions
of preferred texture were the initiation sites favored for fatigue cracks under conditions of
dwell fatigue loading. Bieler and Semiatin [12] built on the work of Woodfield et al. and es-
tablished that the presence of these microtextured regions results from local heterogeneities
in deformation during thermomechanical processing. Sinha [62] observed that cracks ini-
tiate in numerous microtextured regions throughout a sample. However, the fatal fatigue
crack is not the first to initiate, but it does initiate in the largest region of microtexture.
Similar microstructural features are reported as the fatigue crack initiation sites in Was-
paloy by Davidson et al [58]. They found that the crack initiation sites are associated with
clusters of similarly-oriented grains, which they termed "supergrains." They suggested that
supergrains were more susceptible to fatigue crack initiation, because localized deforma-
tion in one grain could be more easily accommodated in adjacent grains due to their similar
crystallographic orientation leading to damage accumulation across these regions.
Prior β grain boundaries
Stubbington and Bowen [56] observed that the α/β interface was a likely crack initiation
location at low stresses and that the likelihood of cracks initiating there was enhanced if the
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α grain happened to sit at the prior β grain boundary. In an investigation of β-Cez and Ti-
6246 in the β processed condition, Sauer and Lutjering [55] observed that cracks initiated
at the α grain boundary layers found at the prior β grain boundaries. Krupp and coworkers
found that cracks initiate at grain boundaries of β grains, due to the elastic anisotropy at
this interface [63].
2.2.1.2 Fatigue Crack Initiation Mechanisms
Each of the fatigue critical microstructural neighborhoods have been identified as crack
initiating regions because of their propensity to accumulate the necessary cyclic damage
to initiate fatigue cracks. Even though a number of microstructural regions are found to
be capable of initiating fatigue cracks, there are essentially just two mechanisms by which
cyclic damage accumulates and microstructural interactions cause a fatigue crack to initi-
ate. In all of these studies, fatigue cracks are initiated due to slip accumulation within a
grain, colony, or microtextured region (e.g. slip bands, slip transfer to adjacent laths) or
by a mechanism of slip incompatibility at an interface such as a grain boundary, colony
boundary or the edge of two prior β grains. A general observation is that at high stresses,
strain localization within a given microstructural feature will cause cyclic plasticity capa-
ble of initiating a fatigue crack. At lower stresses, it appears that the requisite amount of
cyclic plasticity is typically not achieved within an individual microstructural component,
and thus fatigue cracks are observed to intiate in locations where slip activity is hindered,
such as grain boundaries, colony boundaries, or the interface of prior β grains. There is an
effect due to microstructural conditions as well, since the microstructure will control the
effective slip length. The initial slip events can still be attributed to specific crystallographic
planes within these microstructural features, and this will be discussed as a measure of the
likelihood for fatigue damage to initiate on these planes.
Because the work of Mahajan and Margolin spans different regimes of stresses, they
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observe crack initiation at interfaces at low stresses and within α grains at high stresses.
Baxter et al. observed that slip occurred primarily on basal planes within αp grains, but
prism planes were active in the absence of grains that were suitably oriented for basal
slip [42]. They completed tests at 80-100% of σYS and observed that slip was continuous
across lath alpha in transformed β regions. Eylon and Pierce found that cracks initiated in
a single α needle at low stresses and across α colonies at higher stresses [36].
Feaugas and Clavel [64] found that slip in Ti-6246 occurred primarily on prism planes
and formed intense slip bands within the alpha phase. However, there was evidence of〈
~c + ~a
〉








and 〈a〉 type slip
in first order pyramidial planes. It was found that secondary slip depends on αp grain
orientation, temperature, and type of loading, although prismatic slip is found to be the most
common slip mode in the α phase independent of the testing temperature. The researchers
categorized microstructural heterogeneity into three classes according to the level at which
slip transmission is most affected. They are: incompatibility of slip between α grains of
differing orientations, incompatibility of slip between α and β phases, and localization of
slip into bands within the α phase.
One mechanism of fatigue crack initiation due to strain incompatibility at colony
boundaries has generated much attention in the past few years. This mechanism is often
referred to as the modified Stroh mechanism, where crack initiation on basal planes of the
hexagonal crystal structure is attributed to the operation of a pseudo cleavage mechanism.
This is a form of the Stroh mechanism modified to account for cyclic loading, as shown in
Figure 2.12, in which slip is activated on planes with a high resolved shear stress, leading to
fatigue crack initiation resulting in a cleavage facet in an adjacent grain. Thus, the facet that
appears to form by cleavage is in fact created by the impinging stress of the adjacent grain
and by the macroscopically applied stress. Stroh initially proposed this model as a mech-
anism of fracture in monotonic loading of metals [65], and the idea was first proposed by
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Neal and Blenkinsop [44] to account for fatigue cracks that were observed to initiate from
facets that formed in α grains or colonies in which the basal plane was oriented normal to
the loading axis. Neal and Blenkinsop cited the Stroh mechanism of fracture in monotonic
loading as an analogue to their observations of facet formation under cyclic loading condi-
tions, but they acknowledged that it is not clear how the monotonic loading case translates
to the cyclic loading case. In another paper [66], Evans discusses fatigue crack initiation in
α + β titanium alloys as an issue of stress redistribution in the matrix due to the interaction
of α + β grains based on their orientations relative to the stress axis.
These defects are examples of how a fatigue crack is observed to initiate from a neigh-
borhood of material rather than from an individual grain. This mechanism of fatigue crack
formation has been observed in the formation of cracks in specimens tested under dwell fa-
tigue conditions. More recent work in this area by Sackett and coworkers [67] still focuses
on this pseudo-cleavage mechanism of fatigue crack initiation. However, the supporting
micrographs shown in Figure 2.13 provide evidence that crack initiation in these regions
is still caused by slip processes on a plane of high resolved shear stress. It may be just
a matter of defining when a fatigue crack has initiated as it is clear that these planes are
favorably oriented for slip.
2.2.2 Fatigue Crack Propagation
As observed by a number of researchers [4, 41, 69–72] and shown in Equation 2.3, fatigue
crack propagation rates for small cracks are observed to be higher than the propagation
rates observed in long fatigue crack growth. By definition, small fatigue cracks must sat-
isfy one of the following criteria: they are small compared to microstructural dimensions,
small compared to the scale of local plasticity, or when they are simply physically small
(<0.5-1 mm) [69]. The significance of small fatigue cracks is illustrated in Figure 2.14 [73];
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Figure 2.12: A schematic depiction of the Stroh model for planar slip. From [68].
Figure 2.13: A fractograph which displays the overall appearance of the fracture surface
attributed to form by a modified form of the Stroh mechanism. From [67].
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namely, they propagate at least as fast and in some cases faster than long cracks for equiva-
lent stress intensity values [70]. Additionally, small cracks have been shown to propagate at
stress intensity values below the long fatigue crack growth threshold, as shown by curve S3
in Figure 2.14. Therefore, from the perspective of accurately predicting fatigue lifetimes,
it is critical to account for the so-called small crack effect. In addition to this, significant
variability in growth rates for small cracks occurs in the near-threshold regime of fatigue
crack growth, which is generally attributed to microstructural dissimilitude [71,72]. When
cracks propagate at larger sizes, very little scatter in the crack growth rates is observed.
Lankford [71] observed that small cracks may decelerate as they approach adjacent grains.
He proposed that grain boundaries are not necessarily responsible for the deceleration of
fatigue cracks, but rather the different crystallographic orientation of the adjacent grain
causes this deceleration. This is thought to result from the necessity of the crack to change
direction to propagate along another crystallographic direction. At grain boundaries, some
of these fatigue cracks were observed to arrest. At these locations of crack arrest, initiation
sites have been identified, which indicates that fatigue cracks re-initiated before propagat-
ing into adjacent grains. Thus, the following sections discuss fatigue crack propagation
and will focus on small fatigue cracks and the effect of microstructure on the variability in
growth rates.
2.2.2.1 Effect of Microstructure on Fatigue Crack Growth in Titanium Alloys
The fatigue crack growth behavior of titanium alloys has been the focus of many stud-
ies [50, 63, 74–87]. These investigations attempt to relate microstructure to the fatigue
crack growth behavior, and often this is done on a macroscopic scale. Many reports cite
the improved fatigue crack growth resistance of macrocracks in coarse microstructures,
whereas microcrack propagation resistance is enhanced in fine grained alloys as observed
by Hines and Luetjering [84]. The improved crack growth resistance is typically attributed
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Figure 2.14: This schematic depicts the growth rates of small cracks that can sometimes
be higher than expected based on long fatigue crack growth rates. From [73].
to greater crack deflection in coarse microstructures relative to that observed in fine grain
alloys [77,79–82]. Crack deflection reduces growth rates by causing a propagating crack to
change direction [71], or by increasing crack path tortuosity [79, 80], which enhances the
benefits of fatigue crack closure [88]. Improved fatigue crack growth resistance is some-
times attributed to other factors, including texture [75], slip character [76], or favorable
microstructural neighborhoods, such as microtextured regions [74] and grain clusters with
specific misorientations [63]. The effect of microstructural scale will be addressed first and
then specific examples will be discussed that highlight the effect of local grain orientations
or provide unique insight into the damage accumulation process.
Jin and Mall [77] examined the small crack growth behavior of coarse and fine lamellar
microstructures of Ti-6242-Si, and they observed that coarse lamellar microstructures ex-
hibited a small crack effect, while the fine structures do not. They attribute the small crack
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effect in these microstructures to the breakdown of microstructural similitude. However,
closure measurements were not made, and as a result, it is not possible to rule out rough-
ness induced closure as a cause of the observed small crack effect. Schroeder et al. [80]
investigated the effects of microstructure on fatigue crack growth rates with lamellar and
a so called bi-lamellar microstructure, which is annealed to produce thicker beta-laths be-
tween the lath alpha. They observed slower fatigue crack propagation of microcracks for
the bi-lamellar microstructures and attributed this to the effectiveness of the β laths in re-
ducing slip transfer between adjacent α laths. However, once cracks begin to propagate as
macrocracks, the bi-lamellar microstructure exhibits poorer fatigue performance. This is
attributed to the fact that the fracture surface is relatively flat on a macroscopic scale.
Sinha [82] examined the effects of closure on the fatigue crack propagation in lamellar
structures. They found that the coarser lamellar structures had a higher degree of closure
and additionally slower propagation rates. However, even at higher stress ratios (R=0.8),
which are thought to be closure-free, the coarser structures had slower propagation rates.
This observation lead Sinha and Soboyejo to conclude that the coarser microstructures
displayed slower fatigue crack propagation rates due to the intrinsic effects of the micro-
structure. They cited the increased tortuoisity of the fracture surface correlated with the
observed improvement in fatigue crack growth resistance due to crack deflection.
Bowen [75] investigated the effects of texture on the fatigue crack propagation rates in








twinning were observed to be the active deformation modes and deforma-
tion was observed to occur symmetrically about the crack tip, leading to a nominally flat
fracture surface. Slightly lower fatigue crack growth rates are observed when deformation
is symmetric about the crack tip, suggesting that symmetric deformation acts as a tough-
ening mechanism, thereby increasing the ability of the microstructure to accumulate more
fatigue cycles with limited crack extension. In specimens where asymmetric deformation
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is observed at the crack tip, fatigue cracks are observed to grow faster, since slip damage
is concentrated on one specific slip system. Gray and coworers acquired similar results by
studying the effect of oxygen concentration on slip character in titanium alloys [76]. As the
oxygen concentration increased, the fatigue crack growth rates increased at high stress ra-
tios (R=0.8). At low stress ratios (R=0.1), higher fatigue crack growth rates were observed
in the alloys containing low concentrations of oxygen. Since increasing oxygen concentra-
tion is observed to shut down slip systems in titanium [16], the reduction in growth rates
of alloys containing high oxygen concentrations was attributed to the relative ease of slip
reversibility. Also, with less active slip systems, the alloy with higher concentrations of
oxygen will have a more tortuous fracture path, resulting from greater crack deflection,
and thus it will exhibit a lower fatigue crack growth rate. This work displays similarities
with the findings of Krupp et al. in which they observed that if a single slip system was
activated, the crack growth rates would be fast, whereas multiple active slip systems served
to decelerate the propagating fatigue crack.
Saleh and Margolin investigated the crack paths of propagating fatigue cracks in Ti-Mn
alloys, and they observed that fatigue cracks are mostly associated with the α phase in two
phase alloys [50]. Notably, they observe cracks that form on slip bands in the α phase are
not always transmitted to the β phase despite the alignment of slip planes between these
phases as governed by the Burgers orientation relationship. Similar findings are detailed
by Helbert et al. [39] in which fatigue crack growth rates were observed to be proportional
to λ/φ, where λ is the center to center distance between α particles and φ is their diameter.
The work of Helbert et al. agrees with the work of Schroeder in the fact that the effective
slip length is an important parameter controlling the fatigue crack growth behavior.
The work of Krupp et al. [63] indicates that the local microstructural configurations will
have a significant effect on the fatigue crack growth rates in a β titanium alloy. Grain bound-
aries with large misorientations (θ=15◦) are the preferred sites for fatigue crack initiation,
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due to the high elastic anisotropy at these sites. Minimal fatigue crack growth retardation
is observed as cracks propagate across low misorientation angle boundaries or if there is a
small angle between the propagation direction of an approaching microcrack and the slip
plane in the next grain.
2.3 Very High Cycle Fatigue
The study of very high cycle fatigue (VHCF) behavior is attracting increased interest from
industry, since many components in structural applications such as automobile cylinder
heads, engine blocks [89] and turbine engines will accumulate 108 to 1010 cycles in service.
The conventional approach of designing components to a fatigue limit is not applicable
in VHCF, since fatigue failures have been observed [90] below the conventional fatigue
limit. This has led some researchers [91] to propose a modified S-N curve where surface
initiated fatigue failures are observed at high stresses and subsurface fatigue crack initiation
is observed at very long lifetimes below the conventional fatigue limit. Mughrabi [34]
explained failures below the conventional fatigue limit in terms of fundamental physical
mechanisms of fatigue damage accumulation by suggesting that even though macroscopic
strain in VHCF is below the PSB threshold, slip irreversibility can still accumulate and
lead to failure. This agrees with the work of Lukás and Kunz [92] who argue that in the
VHCF regime the applied strain is nominally elastic and only localized plastic deformation
will accumulate at specific microstructural locations. Thus, as compared to LCF where
the majority of grains accommodate some plastic deformation, in HCF and VHCF it is
likely that specific microstructural configurations can be associated with more rapid local
fatigue damage accumulation. Such fatigue critical microstructural neighborhoods have
been defined based on grain size [51], spatial orientation [51,60], proximity to the specimen
surface [91, 93], and crystallographic orientation [48, 49].
In the regime of VHCF, researchers have noted the increased likelihood of subsurface
43
fatigue crack initiation in fatigue specimens. This has been attributed to a number of dif-
ferent factors, such as the presence of compressive surface residual stresses, the likelihood
of finding a crack initiating defect in the specimen interior compared with the specimen
surface, and the effect of environment. Current thinking and approaches in fatigue work
indicate that the presence of microstructural regions capable of initiating fatigue damage
determines where the fatigue crack will initiate.
2.3.1 Competing Mechanisms of Fatigue Failure
The fatigue behavior of commercial nickel and titanium-based alloys commonly exhibit
bimodal distributions of lifetimes [60, 94–96]. This has been attributed to the interaction
of surface and subsurface fatigue crack initiation [94], the distribution of fatigue critical
defects [60], and the distribution of fatigue critical microstructural neighborhoods with
varying levels of susceptibility to fatigue damage [96]. These approaches have been used to
describe the range of fatigue lifetimes observed in different alloys, and these will discussed
in this section. As these examples will indicate, different mechanisms of fatigue failure can
be activated based on the stress level, loading conditions, material and testing environment
being investigated.
Cashman has observed a bimodal nature in the fatigue lifetime curves of a nickel-based
alloy, René 95 [94]. He attributes the bimodal distribution of lifetimes to the distribution
of surface and subsurface fatigue crack initiation sites, in which the initiation sites were
always found to be nonmetallic particles. In this work, lifetime is determined only by
the location of the fatigue crack initiation site with respect to the specimen surface with
the shorter lifetimes resulting from surface crack initiation. The work of Chandran and
Jha explored the fatigue behavior of the titanium alloy Ti-10V-2Fe-3Al [60]. They found
that the short lifetime distribution of failures could be modeled by applying Poisson defect
statistics to the distribution of αp clusters. Both of these examples highlight the paradigm
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of thinking about fatigue critical microstructural regions as defects, which will certainly
initiate a fatigue crack, if present within a given specimen.
Another approach to the issue of competing fatigue mechanisms is demonstrated with
the strain-controlled fatigue experiments in Ti-6246 by Mahajan and Margolin [51]. They
observed that at low strain levels, fatigue crack initiation is favored at α/β interfaces; while
at higher strains, fatigue cracks initiate from slip bands that develop within the αp grains,
and this has been observed by other researchers [33,56]. These observations may simply be
an artifact of the resolution limit of the experimental capabilities. That is, at high stresses,
slip accumulation is expected to be more severe, leading to the development of slip steps
within α grains. At lower stresses, strain accumulation will take longer, which will delay
the formation of slip steps within grains. It seems reasonable that this process would lead
to fatigue crack initiation from locations of strain incompatibility, i.e. α/β interfaces. This
finding is similar to the current understanding of competing mechanisms of fatigue failure
in the field of very high cycle fatigue (VHCF) in which a bimodal distribution of lifetimes
is attributed to "‘multistage"’ S-N plots. Mughrabi [34, 97] has developed the idea that the
step-like nature of these fatigue curves is related to the threshold stresses required to acti-
vate fundamental physical mechanisms of fatigue damage accumulation, such as persistent
slip bands (PSBs) and localized slip irreversibility.
Jha proposed a mechanism to explain the dual nature of fatigue lifetimes at each stress
level [95], which is supported by others [98]. This model is consistent with the theory of
competing fatigue mechanisms in the regime of VHCF, but he also develops the model to
describe the effect of microstructural variability in these processes. In the first mechanism
causing failure, slip accumulates in a few αp grains and is transferred to the βmatrix. At this
point, a crack is assumed to have been initiated. The other mechanism consists of strain
accumulation in αp grains and a subsequent homogenization step in which other nearby
αp grains accumulate strain. Fatigue crack initiation only occurs when the strain within
45
the α grains has saturated to the point where they can no longer accumulate more strain.
This model implicity incorporates the effect of local microstructural neighborhoods where
cyclic deformation accumulates, i.e. some neighborhoods have multiple αp grains capable
of accumulating damage, while other regions have cracks initiating from only one αp grain.
The concept of competing mechanisms has been refined in more recent work by Jha
and Larsen, with the idea that multiple levels of microstructural heterogeneity are responsi-
ble for the observed fatigue curve [96]. In this model, the effect of various microstructural
configurations is explicity incorporated to describe how damage accumulates between the
constituent microstructural phases. A ranking of these fatigue critical regions in order
of increasing fatigue resistance is presented in Figure 2.15(a-d). This order also ranks
the increasing probabilities of observing these specific neighborhoods within a given mi-
crostructural volume. For example, the configuration illustrated in Figure 2.15(a) is the
most severe microstructural configuration, and leads to the shortest fatigue lifetimes, but
has the smallest probability of being observed. The longest lifetimes are observed when
the level of heterogeneity is only limited to one grain diameter, as shown in Figure 2.15(d).
It should be noted that configurations (a) and (b) were only observed to initiate subsurface
failures, while (c) and (d) were not associated with subsurface initiation sites. Jha and
Larsen propose that if the rare, but microstructurally severe, configurations depicted by
Figure 2.15(a) and (b) existed at the specimen surface, they would trump the presence of
configurations (c) and (d) and result in the worst-case fatigue lifetimes. Thinking about this
from another perspective, if microstructural configurations (a) and (b) could be eliminated
from the material, a fatigue crack would be forced to initiate from configurations such as
those depicted in (c) or (d) within the specimen interior and presumably, the fatigue lifetime
would be longer.
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Figure 2.15: A schematic representation of the different levels of microstructural hetero-
geneity in a duplex titanium alloy.
2.3.2 Surface vs. Subsurface Fatigue Crack Initiation
Cracks have been observed to initiate at both surface and subsurface locations and this
is often related to loading conditions and testing environment [44, 52, 95, 99]. At high
stresses, fatigue crack initiation at slip bands is the preferred initiation location and slip
bands are typically observed at the surface. However, at lower stresses, the mechanism
of fatigue crack intiation has been observed to shift to the specimen interior. However,
the work of Gilbert and Piehler [61] is an example where local microstructure overrides
the effect of testing conditions on the fatigue crack initiation mechanism and location.
They observed some cracking in subsurface regions under cyclic bending and this was
attributed to the local grain orientations. This example highlights the significance of local
microstructural neighborhoods in the process of fatigue crack initiation. None of the fatal
fatigue cracks initiated from these subsurface locations, however an arrangement conducive
to slip transfer was found. Further development of this paradigm for thinking of fatigue
crack initiation has been spurred by the work of numerous groups [24, 30, 37, 48, 49, 74]
who have examined the effect of the local texture on the fatigue crack initiation and growth
processes. Generally, the finding is that regions of material suited for basal and prism slip
are the crack initiation sites in these α + β titanium alloys.
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2.4 Ultrasonic Fatigue
Researchers have long been working to accelerate fatigue testing by increasing the test
frequencies. Ultrasonic fatigue techniques operating at 20 kHz were first employed in the
1950’s [100]. Higher test frequencies of 100-200 kHz were subsequently achieved, but as
the frequency is inversely proportional to specimen length, frequencies of 20 kHz are the
practical limit for investigations of structural materials. Testing in the megahertz frequency
range is used in the electronics industry to characterize MEMS devices. This section will
discuss the principles of operation of ultrasonic fatigue equipment and the equivalence of
data with conventional frequency fatigue.






The equation for the first mode of vibration is then
u(x, t) = Aocos(kx)sin(ωt) (2.5)
The amplitude at any point x along the bar is shown in Equation 2.6,
A(x) = Aocos(kx) (2.6)









The strain (ε) at each point is given by Equation 2.8 where
ε(x, t) = −kAosin(kx)sin(ωt) (2.8)
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where f = ω/2π, l is the wavelength of the acoustic pulse, ρ is the density of the mate-
rial, and Ed is the dynamic elastic modulus. The load train components used in ultrasonic
fatigue need to be designed with consideration of this resonance length to ensure that the
amplitude of the acoustic pulse is not attenuated.
2.4.1 Frequency Effects in Fatigue
The effect of frequency on the fatigue behavior of both pure metals [101,102] and commer-
cial alloys [103–105] has been investigated by many researchers. Some materials exhibit
longer fatigue lifetimes when tested at ultrasonic frequencies as compared to the fatigue
lifetimes observed at conventional frequencies. The difference in lifetimes observed us-
ing conventional and ultrasonic frequency techniques is generally attributed to either a
strain rate effect [105] or the time dependent effects of testing environment such as humid-
ity [106], temperature [102], and atmospheric exposure [107].
In some cases, titanium alloys exhibit a frequency effect, but in other cases the data
acquired at conventional frequencies and ultrasonic frequencies have equivalent lifetimes.
For example, Ritchie and coworkers did not observe a frequency effect in Ti-6Al-4V be-
tween 50 Hz and 1 kHz [85–87]. Furthermore, tests conducted by Davidson at 1.5 kHz
on the same material exhibited essentially unchanged fatigue crack growth rates in air, but
vacuum crack growth rates were 3 orders of magnitude slower than air [83]. The next two
sections will discuss the effects of frequency on fatigue that arise from the strain rate effects
and environmental effects.
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2.4.1.1 Strain Rate Effects
Roth et al. [102] proposed that materials with few primary slip systems exhibit a larger
strain rate effect than those with many primary slip systems. Namely, FCC materials ex-
hibit little or no strain rate effect, while HCP and BCC materials, with their relatively few
slip systems have a larger effect. Roth and co-workers also state that variation in spec-
imen temperature will have a substantially larger effect on the observed fatigue lifetime
than variations due to strain rate effects. Some researchers have also speculated that the
strain rate effect can be exacerabated in two-phase materials such as Ti-6Al-4V due to the
frequency dependence of the incompatibility stresses at the α/β interface [103]. Holper
et al. [106, 108] have investigated the effects of environment and frequency in aluminum
alloys, and their results agree that no frequency effect is attributable to the strain rate.
2.4.1.2 Environmental Effects
Recent work in cast aluminum alloys has investigated the effect of environment on the fa-
tigue lifetime at ultrasonic and conventional frequencies [107]. Zhu and co-workers found
that the frequency effect could be accounted for by considering the effects of environmen-
tal exposure. Wanhill observed a frequency effect on the fatigue crack growth rates of
Ti-2.5Cu, which was related to the testing environment [109]. Aqueous environments of
distilled water and 3.5% aqueous NaCl were observed to have detrimental effects on the
fatigue performance. A number of researchers [110–112] investigated the fatigue crack
growth rates of Ti-6246. Again, in these experiments, environments containing water va-
por have a deleterious effect on fatigue behavior in this alloy, and that effect is accentuated
at high temperatures of 500◦C. Tests were run at a number of different frequencies in vari-
ous environments, and the same effect was observed in humidified argon, which indicates
that water vapor is the deleterious species.
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Peters et al. [24] studied the effect of texture on the fatigue behavior of Ti-6Al-4V. Tex-
ture was observed to affect the fatigue behavior of this alloy in corrosive environments.
That is, 3.5% NaCl and lab air exhibited accelerated fatigue crack growth rates when the
crack growth direction was parallel to the (0002) planes. The faster crack growth rates on
these planes was attributed to enhanced environmental susceptibility along these crystallo-
graphic directions.
2.5 Summary
The purpose of this section is threefold: to provide a summary of the observed fatigue
crack initiation mechanisms, to relate these mechanisms to fatigue critical microstructural
features, and to identify the remaining questions regarding cyclic deformation in α + β
titanium alloys. To do this, it is first necessary to define what is meant by fatigue crack
initiation. The best definition to use is from Hall [31], where a fatigue crack is deter-
mined to have initiated when it begins to propagate as predicted by small fatigue crack
growth laws. Depending on the resolution of the experimental techniques used and the
objective of the study, researchers have attributed fatigue crack initiation to a variety of
mechanisms, such as pseudo-cleavage [44, 113, 114], slip band crack initiation [51], grain
boundary crack initiation [54], damage homogenization [95], or crack coalescence in mi-
crotextured regions [48]. However, these mechanisms all appear to result from either of two
fundamental physical processes. That is, for a crack to form, dislocations must ultimately
enable the formation of crack initiating slip bands within grains, or dislocation pile-ups
at grain boundaries will cause fatigue cracks to initiate as a result of a strain incompat-
ibility between adjacent grains. The specific mechanism being activated will depend on
microstructural morphology, size, and the ability of these fatigue critical neighborhoods to
accommodate cyclic slip accumulation. The regime of very high cycle fatigue is unique,
since only specific microstructural locations will be susceptible damage accumulation and
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hence fatigue crack initiation. Therefore, damage will be localized in only those localized
neighborhoods that present the least resistance to fatigue damage accumulation. In sum-
mary, fatigue crack initiation results from either of two fundamental physical processes:
a mechanism of cyclic strain incompatibility or cyclic strain accumulation. Both of these
processes result from the accumulation of the irreversible portion of cyclic slip in spe-
cific microstructural locations. The remainder of this section will summarize the effect of
microstructure and loading conditions on the activation of these mechanisms.
As this chapter discussed, there are a variety of microstructural features and locations
that are reported to initiate fatigue cracks. These features range in size from individual lath
α needles [36] to large αp grains [51] and even up to large microtextured regions [48, 62].
The features responsible for fatigue crack initiation depend on their prevalence within the
microstructure, their size relative to other microstructural features and the loading condi-
tions being applied. For example, many studies have focused on low cycle fatigue or dwell
fatigue, which enhances the number of microstructural neighborhoods that may contribute
to fatigue crack initiation. Under these loading conditions, in colony or β processed mi-
crostructures, the pseudo-cleavage mechanism is often cited as the mechanism of fatigue
crack initiation to explain the presence of facets oriented perpendicular to the tensile axis,
and the investigation of this mechanism has been the explicit focus of a few fatigue stud-
ies [44, 62, 113, 114]. Others have observed that microtextured regions are responsible for
fatigue crack initiation under dwell-time loading [30, 62].
It remains to be determined what specific microstructural features are associated with
worst-case fatigue lifetimes in the very high cycle fatigue regime where the applied stresses
are nominally elastic and only the most severe microstructural locations will be susceptible
to fatigue crack initiation. A number of other questions related to the mechanism of fatigue
crack initiation have still not been resolved in the literature. In the case of fatigue crack
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initiation from clusters of αp grains or microtextured regions, fatigue critical microstruc-
tural volumes have been identified, but it is not clear how strain accumulates and transfers
among the microstructural features in these regions or what length scale is significant in the
operation of these mechanisms. Additionally, due to the Burgers orientation relationship
that exists in titanium alloys, it is possible that slip can transfer between the α and β phases.
This has been observed in the monotonic deformation behavior of these alloys [19,20], but
it is not clear if this mechanism of slip transfer also applies to cyclic loading. Specifically,
does the presence of microtextured regions enhance slip transfer from the α to the β grains
to initiate fatigue cracks? Texture is known to affect the fatigue performance of these al-
loys, but no studies have attempted to address the effect of texture on both fatigue crack
initiation and fatigue crack growth. These issues are addressed in this thesis.
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Chapter 3
Material and Experimental Procedures
This chapter describes the materials investigated and the experimental techniques employed
in this study. It is divided into three sections; material, fatigue testing, microstructural
characterization and other experimental techniques used in this research.
3.1 Material
The material investigated in this study is an α + β titanium alloy, with a nominal composi-
tion: Ti-6Al-2Sn-4Zr-6Mo (wt%), which is commonly referred to as Ti-6246. The specifi-
cations for this alloy are listed in Table 3.1. The β transus (Tβ) for this alloy is 927◦C. The
microstructure consists of equiaxed alpha grains in a transformed beta matrix. Although
the exact thermomechanical processing steps are proprietary, the processing route used to
produce this microstructure can be estimated based on the observed microstructure [11].
3.1.1 Forging and Heat Treatment Process
The ingot would have been produced by a VAR process, which may have been remelted
multiple times to homogenize the composition and remove impurities. Subsequently, the
material was initially forged in the β phase field, at approximately 150◦C above Tβ, and
Table 3.1: The nominal composition of Ti-6246
Al C H Fe Mo N O Sn Ti Zr
6.0 ≤0.1 ≤0.015 ≤0.1 6.0 0.02 0.12 2.0 82.0 4.0
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then fan-cooled. The material would then be reheated to approximately 30-50◦C below Tβ
and further hot worked. This step refines the microstructure by providing the driving force
for recrystallization. The material is then reheated for a further reduction in the β phase
field and rapidly cooled. Following these β homogenization steps, the material is worked
in the α + β phase field. During this process, the microstructure is lamellar and the forging
process breaks up the lath α phase. It is during this phase of the forging operation that
the lath α undergo both dynamic and static spherodization to transform into equiaxed αp
grains. Following the forging and spherodization process, the final heat treatment steps
are as follows: a two-hour soak at 921◦C with an air/fan cool, a two-hour hold at 824◦C
with a water quench, and finally an eight-hour aging at 593◦C with an air cool. The first
of these steps is responsible for the formation of the lath α, and the cooling rate is directly
related to the lath width. The water quench following the 824◦C treatment would produce
a martensitic transformation within the β phase. The aging step at 593◦C relieves strain
developed within the microstructure due to the martensitic transformation in the previous
cooling step. This last step in the heat treatment process is responsible for toughening the
β phase by stabilizing the solid solution strengthening.
3.2 Fatigue Testing
3.2.1 Specimen Design
Specimens were designed to resonate at approximately 20 kHz. The procedure was com-
pleted using numerical techniques to solve a wave equation of the form shown in Equation
3.1, where u = u(x,t) is the displacement in the longitudinal (x) direction. A is the cross-
sectional area and A’ is the derivative of A, ρ and E are the density and modulus of the
specimen, respectively [115]. Equation 3.1 is solved iteratively to represent the three por-
tions of fatigue specimens: the straight gage section, the curved end of the gage, and the
shoulder region leading to the grips.
55
Figure 3.1: A plot of the strain and displacement as a function of position along the speci-





u′ + ω2 (ρ/E) u = 0 (3.1)
This results in the sharp discontinuities observed in the plot of the normalized strain.
As shown in Equation 3.1, the resonant frequency depends on the modulus to density ratio.
Figure 3.1 is a plot of the strain and displacement as a function of position along the speci-
men. Due to symmetry, Equation 3.1 only has to be solved for one half of the specimen. As
the plot shows, the strain (plotted on the right ordinate) is nearly constant through the spec-
imen gage (6 mm) and then decreases through the shoulder and grip regions. The center of
the specimen (0 mm) corresponds to a displacement node and the ends of the specimen are
displacement maxima, which corresponds to a strain node.
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3.2.2 Specimen Preparation
Smooth bar fatigue specimens were used for both S-N type tests and small fatigue crack
growth tests. Specimens were cut with their axes aligned circumferentially from a forged
pancake and a retired disk. The forged pancake component was processed to simulate
the microstructure observed in actual components and the microstructural characterization
results will be discussed in Section 4.1. Cylindrical specimen blanks were extracted from
the large volumes of material, and grip ends of Ti-6Al-4V rod were inertia welded onto the
specimen blanks. Final machining of cylindrical specimens was completed by low stress
grinding to minimize compressive residual stresses [116]. A part drawing of the sample is
shown in Figure A.1. Specimens were designed specifically to resonate at approximately
20 kHz to enable the use of ultrasonic frequency fatigue techniques. The specimen gage is
nominally 4 mm in diameter and 12 mm in length.
All specimens were electropolished to remove the remaining surface compressive resid-
ual stresses. Approximately 100 µm of material was removed from the specimen surface.
The electrolyte used was 59% methanol, 35% ethylene glycol monobutyl ether (butyl cel-
losolve), and 6% perchloric acid. A schematic of the electropolishing setup is shown in
Figure 3.2. A one liter beaker was filled with the electrolyte and cooled to approximately -
40◦C using a cooling bath of isopropanol. A Neslab Cryocool CC-100II Immersion Cooler
unit was used to cool the isopropanol. Periodically, liquid nitrogen was added to the elec-
trolyte to maintain the temperature at -40◦C. It was necessary to do this in between every
specimen that was polished, since the Neslab Cryocool unit could not handle the thermal
load of the electropolishing setup. The cooling bath of isopropanol was contained in an
Agitainer unit, which stirs and insulates the cooling solution. Within the one liter beaker, a
cylindrical stainless steel (316L) cathode was used, and specimens were attached to a motor
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Figure 3.2: A schematic of the electropolishing setup.
to rotate them at approximately 2-3 rpm to ensure that material removal was uniform. Ad-
ditionally, the electrolyte was agitated by pumping it through a Cole-Parmer MicroPump
with polytetrafluoroethylene (PTFE) gears and tubing. The electrolyte was pumped at a
rate of 1.5 liters/minute to ensure that no thermal gradients developed in the solution. The
power supply was set to control the potential at 40 V, and the current was allowed to fluc-
tuate as a function of the electrolyte temperature and condition. With every new batch of
electrolyte, a rod of Ti-6Al-4V was polished for 10-20 minutes to condition the electrolyte
and introduce titanium ions into the solution.
3.2.3 Fatigue Crack Growth Test Specimens
Smooth bar fatigue specimens were modified for use in small fatigue crack growth stud-
ies. Flats were machined on opposing sides of the specimens to maintain symmetry and
to prevent any bending stresses from developing. Approximately 5 micronotches, which
served as the initiation sites for fatigue cracks, were machined on each of these flats using a
femtosecond-pulsed laser or using a focused ion beam (FIB) microscope. While specimens
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machined with the laser provided reasonable fatigue crack growth rates, smaller notch sizes
were desired to probe the effects of local microstructural volumes on fatigue crack growth
rates. For this purpose, a Nova NanoLab FIB microscope was employed to machine mi-
cronotches ranging from 15 - 35 µm surface length (2c) in fatigue specimens. In all cases,
the ratio of notch dimensions c:a=1 was used to approximate a semi-elliptical shape, which
enables the application of standard stress intensity solutions [117]. Parametric studies have
been completed to ensure that machining conditions used in this study would produce mi-
cronotches with the desired depth.
3.2.3.1 Femtosecond-pulsed Laser Micromachining
A femtosecond-pulsed laser was used to place surface defects in specimens while avoiding
the introduction of deleterious effects in the microstructure surrounding the defect. This
allows for the study of small crack growth rates that are not influenced by the process of
machining defects in the material [118]. The femtosecond laser setup is shown in Fig-
ure 3.3, and the main components in this setup consist of the laser, optical density filters
for controlling laser power, a four axis stage, a 350 mm planoconvex lens and a 50 mm
planoconvex lens. The position of the laser beam is fixed in this setup, and the fatigue
specimen is attached to the stage. Machining is completed by moving the specimen into
the focal point of the laser. The laser beam is produced by a Clark-MXR CPA 2000, which
is a Ti:sapphire chirped pulse laser operating at 1 kHz repetition rate of 150 fs pulses. The
wavelength is 780 nm, and the initial laser power is approximately 800 mW. With optical
density filters in the beam path, the power was reduced to 2.8 mW. A fast-acting shutter
was placed in the beam path to regulate the laser dosage. To machine the micronotches,
200 shots were used to ablate conical volumes of material from the specimen. The diame-
ter of the ablated spot as measured at the specimen surface was typically 30 µm. The four
axis stage has a resolution of 0.5 µm, which allows for fine control over the location and
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Figure 3.3: A schematic of the femtosecond-pulsed laser setup used for machining mi-
cronotches in fatigue crack growth specimens.
shape of the notch. The spacing between laser shots was 10 µm and this setting produced
micronotches that appeared continuous as shown in Figure 3.4a.
3.2.3.2 FIB Micromachining
In these specimens, five notches were machined on each flat, resulting in ten notches for
every specimen. An ion probe current of 2.8 or 6.5 nA was used, depending on the size
of the notch to be machined. The lowest probe current providing a reasonable machining
time was used to minimize gallium ion implantation. Additionally, the accelerating voltage
of the ion beam was set to 30 kV. A representative notch machined with this technique
is shown in Figure 3.4b. The notches produced with this technique are clearly smoother
and more well-defined; however the machining time is longer than that required for the
femtosecond laser ablation. In cases were the machining time is not prohibitively long, the
FIB is the preferred method for machining micronotches.
3.3 Ultrasonic Fatigue Tests
Axial fatigue tests were completed using ultrasonic fatigue equipment operating at 20 kHz
and a load ratio of 0.05 at room temperature in laboratory air. Also, a block loading cycle of
350 ms/900 ms pulse/pause was used to prevent heating of the specimen. Thermocouples
were used to verify that the specimen surface temperature did not vary by more than ± 3 ◦C.
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Figure 3.4: Example micrographs of the notches that were machined in fatigue specimens
using a.) a femtosecond-pulsed laser and b.) a focused ion beam microscope.
A schematic of the ultrasonic fatigue system is shown in Figure 3.5. The acoustic pulse
responsible for driving the fatigue specimen in resonance is generated by the piezoelectric
transducer. The acoustic signal from the ultrasonic transducer is amplified by the booster
horn and then travels through the lambda rod down to the specimen. As shown in Figure
3.5, the ultrasonic load train is mounted in an MTS load frame, which allows for the static
application of a mean load [115, 119]. The MTS load frame is controlled with a MTS
458.20 Microconsole controller using a 10 kN range card. The actuator arm shown below
the specimen in the load train is used to apply this load. The ultrasonic fatigue system has
been specifically designed so that this actuator arm applies a load at a displacement node
to prevent damping of the ultrasonic pulse. This displacement node is determined by the
resonance length, as shown in Equation 2.9, and can shift due to variations in specimen
design, material, and temperature. Therefore, the load train components are designed using
the equations in Section 2.4, but generally must be modified through a process of trial and
error to determine the proper setup and minimize damping of the acoustic pulse. It should
be noted that the soundness of the connections between the hardware used in this system is
very important, since loose connections will result in damping of the ultrasonic pulse.
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Figure 3.5: A schematic of the ultrasonic fatigue test frame, which has been assembled
within an MTS load frame for application of mean loads.
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Fatigue tests are run in displacement control, with feedback provided by the Hall Effect
sensor. The control unit sends a command voltage to the ultrasonic transducer, and the Hall
Effect sensor monitors displacement within the load train. The control unit continues to
send maximum power to the piezoelectric transducer until the displacement measured by
the Hall Effect sensor matches the amplitude set with the control unit. At this point, the
specimen is in resonance at the specified stress amplitude and the command voltage sent
to the ultrasonic transducer is decreased to a point that is sufficient to maintain resonance
in the specimen. The control unit can drive the ultrasonic transducer at low duty cycles to
limit heating of the specimen. Additionally, compressed air and cooling fans were directed
at the specimen to prevent specimen heating.
Due to the slight variations in specimen dimensions and soundness of the connections
between load train hardware, it is necessary to calibrate the system before each fatigue test.
Kyowa strain gages with a gage length of 1 mm were applied to fatigue specimens using
plastic cement, and all fatigue specimens are instrumented with these gages to measure
the ultrasonic (i.e. dynamic) portion of the fatigue cycling. Specimens are cycled at low
amplitudes, well within the elastic regime of loading to determine the slope of the com-
mand voltage vs. strain curve. Since the stresses used to test the samples were in the range
of 0.4 to 0.6 of the yield stress, it is assumed that the cyclic loading is nominally elastic.
Therefore, the set point for the testing amplitude of the command signal was determined
by extrapolation of this curve. This calibration is verified using a Fotonic® displacement
sensor, which can measure displacements with a resolution of 0.3 µm. The fatigue setup is
aligned to the specification that there be no more than 5% bending strain. The specimen
used for alignment has twelve strain gages attached to it in three rows, and four columns
which are separated by 90◦ around the specimen circumference. This specimen enables
alignment of the load train in terms of concentricity and angularity. This procedure is com-
pleted approximately every three months or more often if the experimental configuration is
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significantly altered.
3.3.1 Validation of Ultrasonic Fatigue Calibration Procedure
One assumption that is made with the calibration procedure is that it is accurate to extrapo-
late the strain measured at low amplitudes as the means for determining the pulse amplitude
at the testing strains. This cannot be verified by the strain gages used to calibrate the ma-
chine before every fatigue test, since the gages are damaged at strains of approximately
1000 µε and tests are completed with strain amplitudes in the range of 2500 µε.
An interferometric strain displacement gage (ISDG), for measuring the strain directly
from the specimen, has been developed to operate at kilohertz frequencies [120]. This tech-
nique relies on the use of photomultiplier tubes to measure the shift of interference fringes,
as depicted in the schematic in Figure 3.6. Interference patterns are created by the inter-
action of the incident laser beam with either hardness indents or platinum markers on the
specimen surface. The intensity of the interference fringes can be represented by Equation
3.2, where Io represents the maximum intensity, d is the spacing of the indents or markers,
αo represents the solid angle between the specimen and the detector, and λ is the wave-
length of the laser. The shift in the interference fringes is described using Equation 3.3,
where d changes due to the measured variation in intensity, and by dividing d by the initial
gage length, do, the stran is calculated. The minimum theoretical strain that can be mea-
sured with this approach can be determined using Equation 3.5, where ∆m represents fringe
shift, and ε is the strain. The helium-neon laser has a wavelength (λ) of 0.6328 µm, do is
200 µm, and αo is on the order of 45◦. If a 1/1000th shift of a fringe is detectable, the min-
imum attainable strain measurement will be 0.447 µε. There are a number of advantages
to using this technique, as it is a non-contact method for real-time strain measurement that
can operate at high temperature. Thus, with the use of megahertz-speed data acquisition
cards, it is possible to measure and capture strain at kilohertz frequencies used in ultrasonic
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Figure 3.6: A schematic of the ISDG technique in which interference fringe movement
is measured with photomultiplier tubes allowing for real time strain measurement directly
from the specimen surface. After [120]
fatigue. A representative plot illustrating the agreement of the strain measured with resis-
tance gages, and as measured with the ISDG technique, is shown in Figure 3.7. This plot
demonstrates that the practice of extrapolating the amplitude setting to high strains is valid
for the regime of fatigue behavior that is being investigated in this study.
I = Iocos2 (πdsinαo/λ) (3.2)
d = cos−1 (I/Io)1/2 /K (3.3)
K = πsinαo/λ (3.4)
ε = ∆mλ/dosinαo (3.5)
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Figure 3.7: A plot comparing the strain measured by the ISDG and the resistance strain
gages. After [120]
3.3.2 Ultrasonic Fatigue Crack Growth Tests
Surface lengths of fatigue cracks were measured with two different techniques. In some
cases, crack lengths were measured optically, and in other specimens cracks were measured
by surface replication. Flats were required in the case of optical crack measurement to
ensure that the specimen surface and the focal plane of the telescope are co-planar. To
measure crack length, digital images were acquired using a Questar QM100 telescope with
a Dage MTI RC-300 CCD camera. The images were acquired on a PC using the National
Instruments IMAQ Vision Builder software.
In fatigue specimens with multiple micronotches, surface replicas were made with ac-
etate tape. Replicas were made every 2,000 - 3,000 cycles, once a crack was observed to
have initiated. This method is preferred, since it provides a record of the entire specimen
surface while providing better resolution than the optical measurement technique. Replicas
were viewed with an Olympus PME3 optical microscope instrumented with a graticule and
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stage micrometers for accurate crack length measurement.
3.3.3 Analysis of Fatigue Crack Growth Data
Fatigue crack growth data are presented in the typical da/dN vs. ∆K format. The measured
growth rates have been smoothed with a three point sliding average to reduce the variability
in growth rates resulting from measurement frequency. The stress intensity factor range,
∆K, was calculated from the analytical solution presented by Newman and Raju [117].
This solution for the stress intensity assumes that a surface crack is growing in a semi-
infinite plate. For the micronotches that were machined in this study, this is a reasonable
assumption, and the data generated with this approach will be presented in future sections.
Since the depth of the crack could not be directly measured, it was assumed that the crack
advanced according to c/a =1.
The behavior of fatigue cracks is assumed to follow a power law equation of the form
shown in Equation 3.6. The constants, C and m, are measured from a fit of the fatigue crack
growth curves. These constants are used to predict the crack growth portion of fatigue













Metallographic samples were prepared by typical mechanical polishing techniques. Sam-
ples were mounted in Buehler Konductomet resin in preparation for scanning electron
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microscopy (SEM) investigations. For optical microscopy specimens, the samples were
mounted in Buehler CastoLite epoxy. The castolite epoxy was used in cases where it was
necessary to extract the sample from the mount after polishing. Only if the sample needed
to be examined in an SEM was the Konductomet mounting resin used. Typical polishing
procedures were used, with grinding on successively finer grit silicon carbide papers being
conducted from 60 grit up through P2400 grit. Polishing was completed using alumina
slurries of 1 µm, 0.3 µm, and 0.05 µm with Buehler TEXMET pads. Some samples were
etched using Krolls reagent: 4 ml hydrofluoric acid, 4 ml nitric acid, and 100 ml distilled
water by swabbing the surface for 5 seconds and rinsing with methanol.
Fractured samples were examined by SEM, and for this analysis the shoulder and grip
ends of the fatigue specimen were cut off. The resulting piece was a cylinder, approximately
3-6 mm tall containing the fracture surface, as shown in Figure 3.8. Additionally, some of
the samples that failed by subsurface fatigue crack initiation were sectioned to examine
the material near the site of fatigue crack initiation. The plane of sectioning is annotated
as plane B-B in the schematic shown in Figure 3.8. The specimen was first examined in
the SEM, and the distance between the crack initiation site and the specimen surface was
measured. The specimen was then mounted in epoxy for grinding and polishing using the
polishing procedure outlined above. Material removal was monitored with a micrometer.
As the desired depth was approached, a final polishing step in a Buehler Vibromet 2 was
completed to provide a residual stress-free surface suitable for OIM investigation. Vibra-
tory polishing was completed using Allied 0.05 µm noncrystallizing colloidal silica on a
nylon pad. Specimens were polished for 3 hours, and in this time 1-3 µm of material was
removed. The specimen was then extracted from the Castolite epoxy mount by dissolving
the mount in acetone overnight. By extracting the samples from the mount, it was possi-
ble to view both the fracture surface and the material at the site of fatigue crack initiation
simultaneously in the SEM.
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Figure 3.8: A schematic depicting the sectioning plane of fractured fatigue samples and
the reference frame for OIM scans.
3.4.2 Optical Microscopy
An Olympus PME3 inverted optical microscope was used to examine the microstructure.
Digital images were acquired, and these were used to measure the grain size and volume
fraction of the αp phase.
3.4.3 Scanning Electron Microscopy
Observation of metallographic sections and fracture surfaces was completed using two
scanning electron microscopes: a Leica Cambridge S360FE and a Phillips XL30FEG.
Both microscopes have a field emission gun electron source. The Leica operates at a probe
current of 100 pA, accelerating voltage of 15 kV, and working distance of 15 mm. The
XL30FEG is used with accelerating voltage of 10 kV with a probe current of approxi-
mately 2 nA and a working distance of 10 mm. Both microscopes are equipped with a 4
Pi image acquisition system that enables the acquisition of very high resolution electron
micrographs. Additionally, EBSD detectors are installed on both of these microscopes.
Orientation imaging microscopy (OIM) was completed on metallographic specimens
and on polished sections of the fractured fatigue specimens using these two microscopes
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with detectors manufactured by EDAX-TSL. For OIM investigations, the probe current
and accelerating voltage were approximately 10 nA and 20 kV, respectively. Samples are
oriented at 70◦ with respect to the stage normal position at working distance of 25 mm.
With well polished samples, frame rates of 58.8 frames per second were achieved. This
setting was employed whenever practical, so as to maximize the size of the scan area,
improve scan resolution, or to reduce the scan time. Step sizes of 0.2 µm were used as
the coarsest step size, since this still permitted observation of the morphology of equiaxed
αp grains and lath α. For very high resolution scans, a step size as low as 0.05 µm was
employed, and this step size was adjusted based on time available for scanning. OIM
scans were completed on the region of material just below the fracture surfaces at the site
of fatigue crack initiation. The section of material that was exposed for OIM analysis is
depicted as plane B-B in Figure 3.8. Figure 3.8 also illustrates the reference frame for OIM
scans. The OIM scans have been acquired in the RD-TD plane, with RD corresponding to
the tensile axis of the fatigue specimens.
OIM batch scans were collected from metallographic samples using a stage automation
procedure to control the microscope stage and the OIM data collection software, which was
written in-house at AFRL. This LabView program enabled the collection of areas as large
as 1.7 x 1.5 mm with a resolution of 0.5 µm in a single weekend run.
3.4.4 Stereo Fractography
The spatial orientation of facets was measured with respect to the loading axis using stere-
ology. Images used to produce 3D reconstructions of fracture surfaces were acquired in the
SEM by centering the feature of interest in the field of view at the eucentric height. Images
were then acquired at tilt angles of 0◦ and 6◦ with respect to the stage normal position for
each facet. The technique and procedure for generating stereo pairs was validated using
MeX commercial software (Alicona: Grambach, Austria) on known geometries such as
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Vickers microhardness indents.
3.4.5 Grain Size and Volume Fraction Measurements
The grain size and volume fraction of the αp phase were measured using manual techniques
and verified with digital image analysis techniques. The grain size measurements were
taken using the linear intercept method, while the volume fraction of the αp grains was
measured with the point count method.
3.4.6 Digital Image Analysis
The characterization of microstructure described above was also completed with digital
image analysis techniques. This procedure was completed using the Image Processing
Toolkit plugins written by ReindeerGraphics that integrate with Adobe Photoshop. The
microstructural features were extracted from the micrographs by using the image process-
ing algorithms including thresholding, erosion, dilation, and selection/rejection of features
based on size and aspect ratio. Application of these algorithms in different order and to
varying degrees was found to be a suitable means for separating the lath and equiaxed α
phases. These tools were applied to micrographs acquired with EBSD techniques.
The texture separation procedure was applied to the EBSD scan tiles individually, but
each of the scan tiles was montaged with the 8 adjacent tiles for prior to processing with
this algorithm. That is, the process required montaging the 8 neighboring images with
the tile of interest. This step was necessary to ensure that the aspect ratio and particle
size feature-based filters were not erroneously applied in cases where an equiaxed αp grain
was on the edge of a scan tile. Then, the texture separation algorithm was applied to this
group of 9 (image of interest + 8 nearest neighbors) images. Following the application
of this procedure, the individual images are then cropped from the montage to yield only
the image of interest. The individual scan tile is outlined in red as shown in the images in
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Figure 3.9.
Figure 3.9 illustrates each step of the procedure that was followed to separate the lath
α phase from the equiaxed αp phase. To start with, a grayscale image is created from the
OIM data using the image quality (IQ) parameter as shown in Figure 3.9a. The resulting
image is a binary file in which the αp grains are in the foreground (black), and the trans-
formed β matrix is the background (white). Each pixel in these figures correspond to an
OIM data point, and hence each point has three Euler angles associated with it. The IQ pa-
rameter is a measure of the quality (sharpness of lines and contrast) of the Kikuchi pattern
used to determine the crystallographic orientation of the material. This parameter typically
varies between 0 and 150, which makes it suitable for representation with a grayscale im-
age. Regions near grain and phase boundaries will naturally have lower IQ values, as the
diffracting volume may have contributions from two different orientations and potentially
different crystal structures. As shown in this image, the morphology of the phases is clearly
observable in this pseudo micrograph, and the morphological differences between the lath
and equiaxed particles can be used as the basis for phase separation.
Figure 3.9b illustrates the image after an auto leveling (histogram normalization) pro-
cedure is applied to take advantage of the full grayscale range. In this image, a difference
in grayscale values is evident between the α (both lath and equiaxed) and β phases. This is
due to the presence of the α precipitates within the β phase, which distort the bcc lattice and
consequently lead to more diffuse Kikuchi patterns and hence lower IQ values. Figure 3.9c
illustrates the image after it is thresholded to isolate the α phase material. The grayscale
value selected for the thresholding procedure is determined by the user and typical values
fall within the range of 140-160. Some of the low IQ values fall within features that are
clearly αp grains and are therefore eliminated during the thresholding procedure. Therefore
a hole-filling routine is employed and this is shown in Figure 3.9d. Figure 3.10e displays
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the image following an erosion of the remaining particles and this step successfully re-
moves most of the lath α phase. The image is then treated with a filter to remove particles
containing less than 40 pixels or those having an aspect ratio of greater than 4:1, as shown
in Figures 3.10f and 3.10g, respectively. The final step of the phase separation process is
a grain dilation to readjust the remaining αp grains to their original size. A Euclidian dis-
tance map (EDM) morphological technique is used for this portion of the procedure. The
advantage of EDM techniques are that they consider the distance of the pixel in question
with respect to the nearest background (white) pixel. Thus, the resulting particles are more
faithful to the true particle morphology than those resulting from a blind dilation technique
in which pixels are indiscriminately added to the circumference of the particle. The final
image is shown in Figure 3.10h, and this image is then used to populate the phase identifier
field within the OIM data file.
3.4.7 Burgers Orientation Relationship Calculations
The material at the site of fatigue crack initiation was investigated with OIM to determine if
the αp and the lath α orientations were related to the parent β grain by the Burgers orienta-
tion relationship. From the OIM scans, it was possible to measure orientations for both the
α and β grains. To determine whether a αp grain and an adjacent β grain were related by the
Burgers orientation relationship, the measured Euler angles representing the orientation of
an hcp α grain were transformed into those representing a bcc β grain similar to reports by
other groups [121–123]. For these calculations, the set of Euler angles (φ1,Φ, φ2), in Bunge
notation were used to create the direction cosine matrix (DCM). To predict all the possible
β orientations, the 12 hexagonal symmetry operators and the 24 cubic symmetry operators
had to be considered. This is completed using Equation 3.8, where Pα is the DCM for the
measured α orientation, S αj is the set of 12 hexagonal symmetry operators, S
β
k is the set




Figure 3.9: Individual steps of the texture separation process: (a.) Initial grayscale values
acquired from OIM scan, (b.) Grayscale image after histogram equalization, (c.) Thresh-
olding image to isolate pixels with grayscale values ≥ 148, (d.) Fill holes to fill in white




Figure 3.10: Individual steps of the texture separation process: (e.) EDM morphology:
erosion depth = 2, (f.) reject features containing ≤ 40 pixels, (g.) Select features to include
only those features with an aspect ratio in the range 1.0-4.0, (h.) EDM morphology: dilation
depth = 2.
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and D is the DCM of the Burgers orientation relationship. This can be rewritten as shown
in Equation 3.9 for the purpose of predicting β grain orientations. The Burgers orientation
relationship for the α→ β phase transformation is φ1 = 135,Φ = 90, and φ2 = 325.
DS βk B
β = S αj P
α (3.8)




A script was written in MatLab to calculate the sets of Euler angles for all 288 (12
x 24) symmetrically equivalent β grain orientations for each αp grain. From all these 288
predicted orientations of the parent β grain, the set of Euler angles representing the smallest
misorientation with respect to the measured β grain orientation was then selected as the
most likely β grain orientation. The misorientation, given as
γ = B−1measBpred (3.10)
between the measured β grain orientation and the β grain orientation predicted from the
α grain orientation was then calculated and this value is reported.
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Chapter 4
Fatigue Behavior and Fractographic Analysis
This chapter presents experimental results from microstructural characterization, fatigue
behavior, fractographic analysis, and textural analysis. These results are discussed with
respect to prior results in the field, and a mechanism of fatigue crack initiation is proposed.
4.1 Microstructural Characterization
Fatigue and microstructure studies were conducted on two different Ti-6246 materials: (1)
a forged pancake intended to replicate the microstructure in a turbine disk and (2) a tur-
bine disk that had been retired from service. Table 4.1 summarizes the microstructural
characterization of the two materials. In both cases, specimens were extracted from the cir-
cumferential direction of the pancake and disk. The microstructure is treated as a uniform
quantity, as no difference in microstructure was observed in specimens extracted from the
bore and the rim of the disk. The microstructure of the pancake forging is shown in Figures
4.1 and 4.2. Using the linear intercept method, the αp grain size was measured to be 3.7
µm ± 2.6 µm. As Figure 4.3 shows, the αp grain size follows a log-normal distribution.
The area fraction of αp grains as measured by the point count method is 27%± 3%. Within
the transformed β regions, Figure 4.2, the area fraction of lath α was measured as 50%,
resulting in a total area fraction of alpha near 65% (30% αp and 35% lath α). Area frac-
tions were measured using the point count method and verified with commercially available
computational image analysis tools.
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Figure 4.1: Secondary electron micrograph of a nominal microstructural area that displays
the equiaxed αp grains in a transformed β matrix for the pancake microstructure.
Figure 4.2: Backscattered electron micrograph displaying the presence of tertiary α within
the transformed β regions of material.
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Figure 4.3: The histogram of αp grain size and αp facet size depicts the distribution of
feature sizes measured from the pancake microstructure in this investigation.
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The microstructure of the retired disk is shown in Figure 4.4. The histogram of grain
sizes is shown in Figure 4.5. The αp grain size for these samples was measured to be 4.7
µm ± 2.4 µm. The volume fraction of the αp phase is 37% ± 4.6%, as measured with
manual point counting and digital image analysis techniques. The lath α phase in the
disk microstructure is finer than that in the forged pancake microstructure. Figure 4.6 also
shows a more detailed view of the microstructure in the transformed β regions, and from
this micrograph it is possible to see a distribution of α precipitates similar to those observed
in the forged pancake microstructure. These microstructural characteristics were measured
in a number of different specimens to ensure that the measured quantities do not vary as a
function of location within the component or bulk material from which the specimen blanks
were extracted.
4.1.1 Prior β grain size
The prior β grain size was measured using OIM techniques, which are well suited to dis-
tinguishing the separate phases in the microstructure. Due to the high concentration of
molybdenum, there is a relatively high percentage of retained β phase as compared to con-
ventional titanium alloys. This fact enabled direct observation of the β phase grain ori-
entations, and hence the prior β grain sizes from the OIM IPF map, as shown in Figure
4.7a. Since OIM is sensitive to lattice strains, which may arise due to strain in the matrix
resulting from the presence of precipitates within the retained beta regions, a specimen
was vacuum heat treated at 824◦ for 2 hours and then vacuum furnace cooled to anneal the
microstructure and solutionize the precipitates for imaging of the β phase using OIM. A
Table 4.1: Initial Microstructural Characterization Results
Microstructure αp grain size (µm) Volume Fraction αp
Forged Pancake 3.7 ± 2.6 27% ± 3%
Retired Disk 4.7 ± 2.4 37% ± 4.6%
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Figure 4.4: Secondary electron micrograph of a nominal microstructural area that displays
the equiaxed αp grains in a transformed β matrix for the disk microstructure.
Figure 4.5: The histogram of αp grain size measurements for the disk microstructure de-
picts the distribution of feature sizes measured in this investigation.
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Figure 4.6: A high magnification micrograph of a random section in the disk sample.
backscattered electron micrograph is shown in Figure 4.8, and this image illustrates that
the precipitates within the retained β phase have been solutionized. The IPF map for the
same sample after this heat treatment is shown in Figure 4.7b. These two images illustrate
that the orientations of the β phase measured directly from fatigue specimens are the same,
and therefore the presence of precipitates does not adversely affect the proper indexing of
the Kikuchi patterns in OIM. The prior β grain size is measured to be approximately 20
µm, but larger regions on the order of a few hundred micrometers are commonly observed
in the microstructure, and this will be characterized and discussed in greater detail in later
sections.
4.2 Fatigue Lifetime
Fatigue failures from ultrasonic fatigue testing ranged from 106 to 109 cycles, as shown
in Figure 4.9. A comparison of fatigue lifetime behavior for conventional and ultrasonic
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(a) (b)
Figure 4.7: Comparison of the prior β grain orientations from an as-polished sample (a)
and a heat treated sample (b), which was heat treated to solutionize the α precipitates within
the transformed β regions.
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Figure 4.8: A high magnification backscattered electron micrograph of a random section
following the vacuum heat treatement procedure used to dissolve the α preciptates from
within the retained β phase.
testing is presented in Figure 4.9. Data are shown for the two frequencies investigated - 20
Hz and 20 kHz, and all tests were run at a load ratio of 0.05. The 20 Hz tests were conducted
at stress levels (σmax) of 820 MPa and higher at AFRL [95]. Ultrasonic frequency fatigue
testing was completed at 20 kHz at stresses (σmax) of 700 MPa and below. Cracks initiated
from surface and subsurface locations, as indicated by the open and closed data points,
respectively. Although the stress levels used for conventional and ultrasonic fatigue do not
overlap, the data follow the same trend, as expected for a typical stress-life (S-N) curve.
This indicates that there is no appreciable frequency effect on fatigue lifetime between
testing frequencies of 20 kHz and 20 Hz. This is consistent with the findings of Paparikicou
et al. [105], who also observed a negligible effect of test frequency on the fatigue lifetimes
of a similar α+β titanium alloy.
Subsurface crack initiation was more prevalent at both test frequencies as the stress
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Figure 4.9: S-N curve displaying the fatigue lifetimes of specimens tested at ultrasonic
frequencies and conventional frequencies [95].
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level is decreased. At 20 kHz, surface crack initiation was observed approximately 80%
of the time for the highest stress level investigated (700 MPa), while at the lowest stress
level (550 MPa), only 20% of the specimens failed from a surface-initiated fatigue crack.
At a given stress level, specimens that failed by surface crack initiation tended in most
cases, but not all, to have shorter lifetimes than those that failed from subsurface crack
initiation. However, in a few cases, surface initiated failures were observed to have similar
lifetimes as specimens that failed from subsurface crack initiation sites, consistent with
other investigations of fatigue in α + β titanium alloys [44]. This observation differs from
the understanding of the fatigue behavior of René 95 developed by Cashman in which the
bimodal distribution of fatigue lifetimes is determined simply by the location of the crack
initiation site relative to the specimen surface [94].
4.3 Fractographic Analysis
Fractographs of typical crack initiation sites in surface and subsurface locations are com-
pared in Figure 4.10. In all cases, facets are observed at the site of crack initiation, and
their size is commensurate with the size of the larger αp grains. During fatigue, the facets
are presumed to form in αp grains along a preferred crystallographic plane and are referred
to here as αp facets. The average αp grain size is approximately 4 µm, as measured from a
random 2D section, while the average facet size is 5.3 µm. The histogram of αp facet size
is overlaid on the αp grain size histogram in Figure 4.3. The αp facet sizes were measured
from SEM micrographs. It is noted that facets are actually three dimensional features pro-
jected onto a 2D micrograph; i.e. the true size of the facets is larger than is represented in
the histogram. The angle of the facet normal with respect to the fracture surface was not
determined for every facet, but it was determined for selected facets near the site of fatigue
crack initiation, and these results will be presented in Section 4.3.3. Therefore, it is not
possible to determine the true dimensions of all the facets. To summarize, facets form in αp
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grains that are slightly larger than average, but clearly do not fall into the tails of the grain
size distribution.
Based on the appearance of the fracture surface near the crack initiation site, three
distinct crack initiation types have been identified: (1) surface, (2) isolated subsurface
faceting, and (3) macroscopically planar subsurface sites. In the case of categories 1 and 2,
individual αp facets are observed on the fracture surface, as shown in Figure 4.10 (a) and
(b), respectively. Figure 4.10 (c) illustrates the third type of crack initiation site, which con-
sists of a macroscopically planar region that is occasionally observed in subsurface crack
initiation. This type of crack initiation spans a number of αp grains and transformed β
regions, and the crack appears to form along the same plane relative to the loading axis
in each of these grains. Upon closer inspection of these macroscopically planar initia-
tion sites, evidence of ductile fracture processes is apparent within these large flat regions.
Thus, it is not appropriate to call them facets, since they are not truly planar. Crack initia-
tion was classified as surface if the αp facets intersected the specimen surface. Figure 4.11
displays the fatigue lifetimes where the data points have been classified into three different
groups depending on the appearance of the fatigue crack initiation site. It is thought that
the appearance of the fracture surface provides insight into the mechanism of fatigue crack
initiation and the type of defect responsible for the formation of a fatigue crack. As shown
in Figure 4.11, surface crack initiation generally leads to the shortest lifetimes. However,
the lifetimes of specimens failing by the two types of subsurface crack initiation mecha-
nisms are not significantly different. If these three different types of crack initiation sites
are classified as different mechanisms, it would be more instructive to compare the fatigue
lifetime distributions as a function of the mechanism of crack initiation. In Figure 4.12, a
plot of the average lifetimes to failure for all of the specimens that have fractured by each of
the three mechanisms is shown. From this plot, it is still apparent that the surface initiated
failures tend to have the shortest lifetimes. Based on the data, it is not possible to determine
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Figure 4.10: Fractographs displaying examples of the three types of fracture surfaces: (a)
surface, (b) isolated subsurface faceting, and (c) macroscopically planar subsurface crack
initiation sites.
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Figure 4.11: S-N curve displaying only ultrasonic frequency (20 kHz) data with initiation
types distinguished.
whether a difference in lifetime is observed as a function of the initiation category. That is,
in some cases, the subsurface isolated facets type of failure exhibits the longest lifetimes,
while at other stress levels, the subsurface contiguous faceting mode of crack initiation
exhibits longer lifetimes. Thus, it is not possible to rank the individual crack initiation
mechanisms based on order of susceptibility to fatigue crack initiation.
Subsurface crack initiation has been observed in a number of fatigue studies on α +
β titanium alloys [43, 44, 59, 60, 95, 99]. The competition between surface and subsurface
crack initiation sites has alternately been attributed to the specimen surface to volume ra-
tio [97], the presence of compressive residual stresses on the surface [99], environmental
effects [124], and the relative ease with which grains can deform at a free surface as com-
pared to the specimen interior.
In the regime of VHCF, the low applied cyclic stresses are believed to result in only
certain microstructural neighborhoods being susceptible to fatigue damage accumulation.
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Figure 4.12: S-N curve displaying the average lifetime to failure of the specimens for each
of the given crack initiation mechanisms.
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These damage accumulation processes lead to fatigue crack initiation, and these mi-
crostructural configurations do not necessarily exist at the specimen surface. This idea
was first put forth by Mughrabi [97] and Jha and Larsen [96] subsequently proposed that
different microstructural neighborhoods may be in competition with one another to initiate
the dominant fatigue crack. In the current work, it appears that there may be a number of
different microstructural regions in each sample that may initiate a fatigue crack, however
only the site that accumulates fatigue damage most rapidly will ultimately lead to fatigue
crack initiation. The fact that three characteristic crack initiation sites have been observed
at the same stress level indicates that there is competition between different microstructural
neighborhoods for crack initiation. The evidence suggests that if there is not a suitable
group of αp grains near the specimen surface, then a crack will initiate from the speci-
men interior, and the presence of different microstructural neighborhoods in the interior
will cause either a subsurface initiation site with isolated facets or with a macroscopically
planar region. The occurrence of αp facets at the crack initiation sites indicates that αp
grains are influential in accumulating fatigue damage and subsequent fatigue crack initia-
tion. Similar observations led to speculation [61] that specific spatial and crystallographic
orientations of αp grains are required for fatigue cracks to initiate in the HCF regime of
other titanium alloys.
Subsequent subsections discuss results from further investigations of fracture surfaces.
These investigations have been completed as an attempt to gather insight into the process
of fatigue damage accumulation leading to fatigue crack initiation. Furthermore, these
investigations have been completed to identify the characteristics that distinguish fatigue
critical neighborhoods from nominal microstructures.
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4.3.1 Crack Initiation Location
In one study [125], the variability in fatigue lifetimes is related to crack initiation loca-
tion. Surface cracks exhibit the shortest lifetimes, while subsurface cracks displayed much
longer lifetimes to failure. The distance from the crack initiation site to the specimen sur-
face has been measured in all fatigue specimens, and the results are shown in the plot in
Figure 4.13. These values are measurements of the distance from the specimen surface to
the center of the fatigue crack initiating facet. Specimens that exhibited surface-connected
facets or facets within one of their own diameters from the specimen surface were classi-
fied as surface failures. Therefore, any failures that were observed to initiate from features
within approximately 10 µm of the surface are classified as surface initiated failures, and
this is indicated with the dotted line on the plot. The overall trend is that the specimens
with longer fatigue lifetimes result from crack initiation locations that are farther into the
interior of the specimen, whereas the short lifetime specimens tend to initiate cracks within
grains located at the specimen surface. However, there is a fair amount of scatter in the
data, as surface and near surface (≤ 20 µm from surface) initiated failures are observed to
have lifetimes ranging from 105 cycles up through 108 cycles. In some cases, specimens
that failed from subsurface initiated fatigue cracks exhibit shorter lifetimes than those that
have failed due to surface crack intitiation. The existence of this scatter inhibits the di-
rect correlation of initiation location with lifetime, but overall the general trend is observed
such that in the case of fatigue crack initiation from the specimen interior, a longer fatigue
lifetime will typically be observed. Since the fatigue lifetimes of specimens cannot simply
be determined as a function of the distance from the initiation site to the specimen sur-
face, this indicates that the scatter in lifetimes is not dominated by scatter in fatigue crack
growth rates in vacuum compared with lab air. The implication of this is that scatter in
fatigue lifetimes results from variability in the fatigue crack initiation process.
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Figure 4.13: A plot of the distance from the initiation site to the specimen surface as a
function of fatigue lifetime.
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4.3.2 Spatial Clustering of αp grains
RaviChandran and Jha [60] observed that clusters of the αp grains are the fatigue critical
microstructural neighborhoods in Ti-10-2-3. This agreed with earlier results by Mahajan
and Margolin [51] who speculated that the proximity of αp grains to each other is an im-
portant characteristic in determining where fatigue cracks will initiate, due to the ease with
which slip may accumulate in clusters of αp grains. Also, as Hall mentions [31], clusters
of αp grains can increase the effective slip length which is a critical factor in the damage
accumulation process.
Figure 4.14 shows a fracture surface for which the αp facets have been highlighted. As
illustrated in this figure, there is a higher tendency of faceted fracture of αp grains near
the site of fatigue crack initiation. To characterize the spatial distribution of αp grains and
to determine whether this influenced fatigue crack initiation in the current work, the area
fraction of αp facets was measured from fracture surfaces. The results are shown in Fig-
ure 4.15, where the area fraction of the fracture surface covered by facets is plotted as a
function of the crack tip driving force. The stress intensity values on the abscissa were
calculated using the Newman Raju [117] stress intensity solutions for surface cracks while
the Murakami [126] solutions were used for subsurface cracks. The thick bounding lines in
the plot represent the extremes of αp grain spatial distribution in the general microstructure,
i.e. the most clustered regions and the regions nearly devoid of αp grains. As larger areas
are probed, the area fraction of αp grains, which is represented by these bounding lines,
converges to the global measurement of αp area fraction of 27% as indicated by the hor-
izontal dotted line. Open data points represent failures by surface initiation, while closed
data points mark the area fraction of facets from specimens that failed by subsurface crack
initiation. The legends in the plots indicate the lifetime of specimens that have been exam-
ined with this analysis. These data have been dissected in two different ways to examine
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Figure 4.14: A typical fractograph displaying isolated subsurface faceting where the facets
have been highlighted.
differences in faceting between surface and subsurface crack initiation, as well as the effects
of stress level. The plots in Figure 4.15(a) and (b) illustrate the area fraction of faceting
in surface and subsurface initiated failures, respectively. Figure 4.15(c) displays the area
fraction of facets with respect to the presumed crack size for specimens tested at 700 MPa
(σmax), while Figure 4.15(d) shows this data for specimens tested at 600 MPa (σmax).
A number of observations can be drawn from these plots; firstly, the area fraction of
αp facets typically decreases as material farther from the crack initiation site is considered.
As the facet formation process is suspected to result from fracture of αp grains on crystal-
lographic planes oriented favorably for slip, the apparent lack of faceting for large crack
sizes is expected, since long cracks are not expected to propagate in a crystallographic
manner. The local microstructure is known to influence crack initiation and small crack
growth [58, 61, 62], and therefore more facets are expected to form in these regions than in
regions where long crack growth conditions apply.
The results suggest that there is no critical value of spatial clustering of αp that must be
met for cracks to initiate. In some cases, the αp facets are much more dispersed at the site of
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Figure 4.15: Area fraction clustering plots for (a) surface crack initiation, (b) isolated
subsurface faceting, (c) failures from testing at (σmax) 700 MPa, and (d) 600 MPa. The dark
bounding lines depict the extremes of spatial orientations of αp grains within the nominal
microstructure.
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crack initiation than the αp grains are in the general microstructure, while in other samples
the degree of faceting at the initiation site is markedly higher than the average αp grain dis-
tribution. Thus, the spatial distribution of αp grains alone does not determine where cracks
will initiate in the general microstructure. Additionally, the lifetimes of specimens do not
correlate with the spatial distribution of αp at the crack initiation sites. Assuming that the
majority of αp grains that a propagating fatigue crack interacts with fail by faceted fracture,
this suggests that the area fraction of faceting is not indicative of the rate of fatigue damage
accumulation or the degree of difficulty to initiate a fatigue crack in these microstructural
regions. As the plots in Figure 4.15(a) and (b) illustrate, there is no discernable difference
in the degree of faceting between surface and subsurface crack initiation. It is apparent that
in general more faceting is observed at the crack initiation sites for higher stress levels of
σmax as shown in Figure 4.15(c) and (d). If faceting resulted from crystallographic propa-
gation of short fatigue cracks, this trend would be expected to be reversed. Therefore, this
finding suggests that the higher resolved stresses on the basal and prism slip systems in un-
favorably oriented grains may cause slip to be activated in grains that would not otherwise
contribute to the damage accumulation process. As a result, a larger volume of material
could contribute to the crack initiation process at higher stress levels.
4.3.3 Spatial Orientation of Facets
A number of researchers [43,44,49,59,99,127] have found that facets at the crack initiation
site are typically oriented normal to the tensile axis. This led some researchers [44, 127]
to speculate that stress redistribution within the microstructure can lead to activation of
a pseudo-cleavage mechanism of fatigue crack initiation. This mechanism proposes that
grains oriented for slip may induce stress in adjacent grains in which the active slip planes
are not oriented for slip. As the stress imposed on this neighboring grain increases, it will
eventually fail by a cleavage type failure mechanism as described in Section 2.2.1.2 and
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shown in Figure 2.12. A representative set of specimens have been examined to measure
the spatial orientation of these facets for each of the three observed crack initiation mecha-
nisms. In the current study, the larger facets at the crack initiation site are typically oriented
for high resolved shear stress (facet normal is inclined at an angle of greater than 30◦ with
respect to the fracture surface plane).
An example of a surface initiated failure is illustrated in Figure 4.16, where the facets
that have been measured by this technique are highlighted, and the labels correspond to the
numbers in Table 4.2. Facets 1 and 2 have the ideal spatial orientation for slip. Facet 4
is notable, since its normal forms only a 19◦ angle with respect to the tensile axis. This
observation agrees with the work of Williams et al. [16] in which basal slip was observed
to occur in Ti-6.6Al single crystals where the basal plane was only 13-15◦ from a perpen-
dicular orientation with respect to the tensile axis.
An example of a fracture surface from a specimen that failed by subsurface fatigue crack
initiation with isolated facets is shown in Figure 4.17, and the corresponding measurements
are shown in Table 4.3. As measurements listed in the table illustrate, the majority of the
facets are oriented for high resolved shear stress. Additionally, these facets are isolated
from one another and they are all oriented at different angles with respect to the tensile axis.
This is in contrast with the measurements of the facet angles for the subsurface contiguous
faceting mechanism displayed in Figure 4.18, where it is clear that many of the facets share
the same orientation with respect to the tensile axis. The measurements for this subsurface
contiguous mechanism of crack initiation are shown in Table 4.4.
Specimens were sectioned to expose the microstructure below the crack initiation site,
as shown in Figure 3.8, which is a schematic that depicts the sectioning plane cutting
through the crack initiation site. An SEM micrograph of a specimen that was prepared
by this sectioning procedure is shown in Figure 4.19, which illustrates that the crack plane
is not perpendicular to the loading axis at the crack initiation site. The tensile axis in this
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Figure 4.16: A fractograph of a surface initiated failure indicating the facets that have been
measured with MeX. N f =1.15 x 105 cycles, σmax=700MPa.
Figure 4.17: A fractograph of a subsurface initiated failure with isolated facets indicating
the facets that have been measured with MeX. N f =8.99 x 107 cycles, σmax=600MPa.
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image is vertical in the plane of the page. From this image, it is apparent that the crack
initiation process is caused by slip, since this plane is oriented for a high resolved shear
stress. These results indicate that for this alloy and test condition, fatigue cracks initiate by
a slip process and not by pseudo-cleavage as observed in other investigations [49, 127] of
the fatigue behavior in α + β titanium alloys.
4.3.4 Summary of Fractographic Analysis
In this section, three distinct types of fatigue crack initiation sites have been identified:
surface, subsurface with isolated facets, and subsurface with contiguous facets. The frac-
tographic analyses described here found that fatigue critical microstructural regions cannot
be distinguished from nominal microstructural areas based simply on clustering of the αp
Table 4.2: Spatial Orientation of Facet Normals for Surface Initiated Failures
Facet Number 1 2 3 4 5a 5b 6 7 8 9
Spatial Orientation
(w.r.t. tensile axis)
46 45 39 19 26 35 33 31 32 21
The values in this table are presented in degrees and the measurements correspond to the
facets illustrated in the fractograph shown in Figure 4.16.
Table 4.3: Spatial Orientation of Facet Normals for Subsurface Initiated Failures
Facet Number 1 2 4 6 7 9 10 11 12 13 14 15 16
Spatial Orientation
(w.r.t. tensile axis)
37 45 41 38 44 36 14 38 31 31 50 11 32
The values in this table are presented in degrees and the measurements correspond to the
facets illustrated in the fractograph shown in Figure 4.17.
Table 4.4: Spatial Orientation of Facet Normals for Subsurface Initiated Failures with
Contiguous Facets
Facet Number 1 2 3 4 5 6
Spatial Orientation
(w.r.t. tensile axis)
34 40 59 40 30 38
The values in this table are presented in degrees and the measurements correspond to the
facets illustrated in the fractograph shown in Figure 4.18.
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Figure 4.18: A fractograph of a subsurface initiated failure with contiguous facets indicat-
ing the facets that have been measured with MeX. N f =4.12 x 107 cycles, σmax=700MPa.
Figure 4.19: Subsurface crack initiation site after sectioning to expose a plane just below
the crack initiation site.
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grains near the initiation sites and the fatigue lifetimes do not appear to correlate with the
distance between the initiation site and the specimen surface. In other words, specimens
failing by surface fatigue crack initiation exhibit scatter over two orders of magnitude and
this scatter overlaps with the scatter in subsurface fatigue crack initiation sites. Using stereo
pairs, the facets on the fracture surface appear to form by slip rather than by cleavage. The
next few sections will discuss the importance of crystallographic texture in the fatigue crack
initiation process.
4.4 Crystallographic Orientation of Crack Initiating Region
As noted by Hall [31] among other researchers, the deformation of α + β titanium alloys
is attributed primarily to the α phase. Since the hexagonal crystal structure of α phase
titanium is highly anisotropic, the crystallographic orientation of these grains with respect
to the tensile axis will significantly affect the activation of specific slip systems within
αp grains. Furthermore, the ability of these grains to deform in concert with each other
dictates that local textures will have a significant effect on the mechanical properties. It
seems reasonable that both the texture orientation and intensity in these microstructural
neighborhoods will determine how easily cyclic damage accumulates. The objective of
Sections 4.4 and 4.5 is to establish which slip systems are active and the significance of
crystallographic texture in these microstructural neighborhoods. Insights gained from this
investigation will be used to propose a model of how the damage accumulation process
leads to fatigue crack initiation.
4.4.1 Crystallographic Orientation of Fracture Facets
Since the spatial orientation of the facets with respect to the tensile axis is known, OIM was
used to determine if the facet planes corresponded to a specific crystallographic plane. The
facets observed on the fracture surface were determined to be basal planes of the equiaxed
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αp grains, which appear to be highly oriented for slip. The Schmid contours can be plotted
on inverse pole figures as an illustration of the value of the Schmid factor for a given
crystallographic orientation and slip system. These plots are shown in Figure 4.20 for
basal, prism, and first-order pyramidal 〈a〉-type slip, respectively.
Facets have been examined in surface initiated failures, and a typical IPF map is shown
in Figure 4.21. The schematic in Figure 3.8 illustrates the reference frame for this image.
RD corresponds to the tensile axis, while ND is normal to the polished surface. Although
the micrograph displays the microstructure as viewed from the RD-TD plane, the orienta-
tions that these colors represent are shown from the perspective of viewing down the RD
axis, or equivalently, the tensile axis. The colors in the IPF map correspond to the colors
in the unit triangle shown in Figure 4.20d. The facet in this scan formed along the basal
plane in a αp grain oriented for slip as indicated with a "1" in this IPF map. The grain is
highly oriented for basal slip as shown by the marker in the inverse pole figure on the right
side of the image. The spatial orientation of the facet that formed in this grain is listed in
Table 4.2 as facet 1. The angle between the basal pole and the tensile axis was measured to
be 45◦ using OIM techniques. Additionally, the spatial angle is 46◦ for the facet angle with
respect to the tensile axis and the plane trace of the basal plane in this grain is parallel to
the facet plane. These measurements mean that the facet plane forms on the basal plane of
the αp grain.
The inverse pole figure (IPF) map from an OIM scan is shown in Figure 4.22 for a
specimen that failed from subsurface isolated faceted fracture. The orientations of the four
indicated features are also plotted in the inverse pole figure in the bottom right of Figure
4.22, which displays the Schmid factor iso-curves for basal slip. These grains have high
Schmid factors for basal slip, which indicates that the facets formed by slip on the (0001)
plane. Table 4.5 lists the spatial orientation of facets with respect to the loading axis (RD)
and the crystallographic angle with respect to the basal pole for each of the facets marked
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Table 4.5: Spatial Orientation of Facet Normals and Crystallographic Orientation of Basal
Poles
Facet Number 1* 2 3 4
Spatial Orientation (w.r.t. ten-
sile axis)
44 42 25 15
Crystallographic Orientation
([0001]w.r.t. tensile axis)
51 50 30 13
in the micrograph. As shown in Table 4.5, the spatial and crystallographic angles follow
the same trend and the facet normal is aligned with the basal pole of these grains. Facet 1 is
a unique case, since it is not a facet which formed in a αp grain. As shown in the IPF map in
Figure 4.22, this feature, which appears as a facet on the fracture surface, is in fact a region
of transformed β material. The crystallographic and spatial measurements still indicate that
this failure results in a facet parallel to the basal plane.
The repeatability of the OIM measurements is reliable to within ±3◦, which agrees with
what Davidson et al. [58] found and the accuracy of the measurements from stereo pairs
was found to be roughly the same. Therefore, within the accuracy of the experimental
techniques, the facets appear to form within a few degrees of the basal plane. These results
indicate that basal slip is operative in a number of grains at the crack initiation site, and
this raises the question of whether a critical number of αp grains oriented for basal slip is
necessary to cause fatigue crack initiation in these locations.
4.4.2 Characterization of Texture in Crack Initiating Neighborhoods
Observation of the material around the crack initiation site reveals that the majority of
alpha phase material, including lath α and equiaxed αp grains, is oriented for either basal
or prism slip. An inverse pole figure (IPF) map of the RD-TD plane for a typical crack
initiation site is shown in Figure 4.23. LeBiavant and coworkers [48] argue that the texture
of these regions promotes plastic deformation in the crack initiating grains. The likelihood
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Figure 4.20: The Schmid factor contours are superimposed on the inverse pole figures
corresponding to (a.) basal, (b.) prism, and (c.) pyramidal slip. (d.) shows the legend for
the inverse pole figure maps. The inverse pole figures in this figure have been orieted such
that the basal pole is parallel to the tensile axis.
Figure 4.21: The IPF map for a specimen that failed from a surface initiated crack, which
illustrates that slip along a basal plane is also active in surface crack initiation.
105
Figure 4.22: This figure illustrates the crystallographic orientation of αp grains that have
failed by faceted fracture. The spatial orientation of the facet poles have been plotted in the
inverse pole figure, which also shows the contour lines of the Schmid factor for basal slip.
of finding a group of αp grains with similar crystallographic orientations suitable for basal
slip is believed to be higher in these textured regions, as opposed to a random area with
no preferred (i.e., random) crystallographic texture [48, 49]. As shown in Figure 4.23a the
textured regions are as large as 300-500 µm in size, which is the approximate dimension
of the initial β grain size. Figure 4.23b displays only the α phase material that is highly
oriented for basal slip, and most of these grains are concentrated near the fatigue crack
initiation site. The texture of the β phase is shown in Figure 4.23c, and this image shows
that one large region of β phase material exists near the crack initiation site. Thus, the
observed α phase texture near fatigue crack initiation sites clearly results from the texture
of the β phase developed during thermomechanical processing. Each of the initiation types
observed in this study exhibit different preferred textures.
Figure 4.24 displays representative inverse pole figures for each of these initiation types.
Table 4.6 summarizes the typical observations at the three different fatigue crack initiation
sites. An inverse pole figure of a surface initiated failure is shown in Figure 4.24a. This
IPF corresponds to the IPF map shown in Figure 4.21 and the texture is suitable for basal
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slip, but there is no peak in the inverse pole figure corresponding to prism slip. Also,
the texture in these surface initiated failures is relatively weak compared with the other
initiation mechanisms. The texture near sites of subsurface crack initiation with isolated
facets is illustrated with the inverse pole figure in Figure 4.24b, and the texture in these
regions is clearly suited for both basal and prism slip. This IPF was generated from the IPF
map shown in Figure 4.23 using just the grain orientations observed in the top portion of
the scan near the site of fatigue crack initiation. The legend for this IPF indicates that the
texture is quite strong compared to the other initiation types observed being on the order
of 6 times random. A typical IPF of the third characteristic crack initiation type is shown
in Figure 4.24c, and it is apparent that the texture in this microstructural neighborhood is
weaker, as evidenced by the lower intensity values shown in the legend and the presence of
multiple intensity peaks within the inverse pole figure.
It should be noted that the size of the microstructural areas used to generate the inverse
pole figures shown in Figure 4.24 varies, and thus it is difficult to make a clear compar-
ison of the textures from one mechanism to the next. Only small areas can be analyzed
in surface failures, since the OIM scan is being performed on a curved surface and the
successful indexing of Kikuchi patterns is very sensitive to surface orientation. Despite
these limitations, the fact remains that only textures suitable for basal slip are observed in
surface initiated failures, while textures suitable for basal and prism slip are found in sub-
surface initiation with isolated facets, and no preferred texture is observed in subsurface
crack initiation with contiguous facets. These microstructural configurations can be ranked
in order of increasing resistance to fatigue crack initiation when examining these inverse
pole figures and Figure 4.11. At the highest stress levels of 650 and 700 MPa, the sub-
surface contiguous faceted initiation sites are associated with the longest fatigue lifetimes.
This is reasonable in light of the texture measured in these regions, since the texture does
not appear to be highly oriented for activation of either of the easy slip systems (prism and
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basal) in hcp titanium. Thus, a longer fatigue lifetime is expected since these regions are
not as favorably oriented for the accumulation of irreversible cyclic slip. At 600 MPa, they
are observed to have roughly the same fatigue lifetimes as subsurface isolated faceted ini-
tiation sites. This may indicate slower cyclic strain accumulation in the subsurface isolated
facets at lower stress amplitudes, or it may be an artifact of the number of samples that
have been tested. As observed at higher stresses, subsurface crack initiation with isolated
facets exhibits shorter fatigue lifetimes relative to contiguous faceted failures. This fail-
ure type would be expected to have a shorter lifetime than subsurface contiguous faceting,
since the texture in these regions is strongly suited for both basal and prism slip, thereby
making it easier for irreversible cyclic slip to accumulate in these regions of microstructure.
Surface fatigue failures exhibit the shortest lifetimes, which is physcially reasonable since
they typically have a large grain or a few grains on the specimen surface oriented for basal
slip. Since slip is not constrained at a free surface, irreversible cyclic slip will accumulate
more easily in these grains and lead to earlier fatigue crack initiation. These findings agree
with published reports stating that surface initiated fatigue cracks are associated with the
shortest fatigue lifetimes, while subsurface initiated failures typically exhibit longer fatigue
lifetimes [60,125]. This is consistent with the findings in this research, that overall a shorter
lifetime will result from a surface initiated failure.
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Figure 4.23: Example inverse pole figure (IPF) map from an OIM scan near the crack initiation site displaying (a.) the texture
of the α phase, (b.) the α grains oriented for easy basal slip, and (c.) the orientation of the β phase material.
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Table 4.6: Texture Intensity as a Function of the Initiation Type.
Surface Subsurface Isolated Subsurface Contiguous
Preferred Texture Basal Slip Basal & Prism Slip None
Texture Intensity Medium Strong Weak
4.4.3 Comparison of Crack Initiation Regions with Nominal Microstructures
It has been established that regions of material with preferred texture for basal and prism
slip are found at the crack initiation site. Random areas far from the crack initiation sites
were sectioned to expose the RD-TD plane, as described earlier, and they have been exam-
ined using OIM to determine if a preferred crystallographic texture also exists in general
microstructural areas. Figure 4.25 illustrates the texture in a randomly selected region of
material for a much larger area. In this image, areas with a high degree of preferred texture
suitable for basal and prism slip are observed in the nominal microstructure. These regions
of preferred texture correspond to the β grain texture and morphology. The length scale of
these textured regions appears to be 300-500 µm in size, and this is approximately the size
of the β grains, which indicates that these textured regions formed in the initial β processing
steps.
Additionally, the grains oriented for (0001) slip can be plotted separately. It is possible
to see that the distribution of αp grains varies as a function of the original prior β grain as
shown in Figure 4.25b. Thus, it appears that the presence of a preferred texture suitable
for basal and prism slip is a necessary, but not sufficient, condition for crack initiation. In
these regions of preferred texture, it is clear that the majority of the α phase material shares
the same crystallographic orientation. However, the strength of the preferred texture will
affect the resistance to fatigue crack initiation. In other words, a weakly textured region of
material might not promote crack initiation and propagation as successfully as a suitably
oriented region in which nearly all αp grains and laths are oriented for easy slip.
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Figure 4.24: Inverse pole figures for each of the initiation types; a.) surface initiation, b.)
subsurface isolated faceting initiation, c.) subsurface contiguous facet initiation.
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Figure 4.25: A typical IPF map from an OIM scan that illustrates large regions of similarly oriented material are commonly
found in the general microstructure. (a.) α phase material, (b.) α phase material oriented for easy basal slip, and (c.) β phase
material illustrating that this texture is inherited from the prior β phase.
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Thus far, the texture of the α phase, that is the lath α and the αp grains, has not been
considered separately. However, the texture of the lath α and equiaxed αp phases should be
considered separately, since the correlation in the textures of these phases may affect the
ease of slip transmission between grains. Figure 4.26 illustrates a fatigue crack initiation
site in which the αp phase has been separated from the lath α phase in the IPF maps, along
with their corresponding pole figures. The α phase IPF map and the β phase IPF maps
are also shown for reference. The lath α, as shown in Figure 4.26c, maintain a Burgers
orientation relationship with the β phase (Figure 4.26b), whereby the basal (0001) plane of
the α phase is parallel to the (110) plane of the β phase [25], and this is evidenced by the
similarity in the pole figures corresponding to these phases. Due to the recrystallization and
spherodization processes which form the αp grains, it is generally assumed that equiaxed
αp are not crystallographically related to the prior β grain orientation [32]. Woodfield et
al. [30] note that strains on the order of ε = 1 are required to dynamically spheroidize the α
laths and form αp grains. Local heterogeneities in the accomodation of the macroscopically
imposed strain will result in variations such that a macroscopic strain of ε = 1 may still not
be high enough to uniformily recrystallize all of the α laths as they spherodize [30,128]. As
suggested by Woodfield et al., the αp grains may in fact share a crystallographic orientation
relationship with the prior β phase and hence the lath α. As the work of Suri [20] illustrated,
for specific orientations, it is observed that slip transmission across phase boundaries may
not be hindered due to the Burgers orientation relationship. Some of the αp grains do
maintain a Burgers orientation relationship with the β phase, and this fact is exhibited
by the similarity of some intenstiy peaks in the pole figures for these two phases in Figure
4.26b and d. The pole figures in Figure 4.26b and d exhibit similar intensity peaks, however
these peaks are much sharper in the (110) β phase pole figure. The fact that the intensity
peaks are spread over a larger area in the (0001) αp phase pole figure is evidence that this
material shared the same original orientation, but the forging and heat treatment processes
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have caused rotation/recrystallization of these αp grains relative to the prior β phase. The
significance of whether αp grains maintain the Burgers orientation relationship with the β
phase in fatigue crack initiation is the subject of the next section.
4.5 Analysis of Texture at Fatigue Crack Initiation Sites
The results presented in Figures 4.22 and 4.23 clearly depict the presence of microtextured
regions suited for easy basal and prism slip throughout the microstructure at the site of fa-
tigue crack initiation, however regions of microtexture similar to this are commonly found
in random sections of material as illustrated in Figure 4.25. Thus, as the presence of mi-
crotexturing is not a distinctive characteristic of the fatigue crack initiation sites, it appears
that subtler aspects of these textured regions must exist that enhance the susceptibility of
these regions to cyclic damage accumulation and fatigue crack formation. Therefore, the
remainder of this section details experimental work that attempts to quantify numerous as-
pects of these fatigue crack initiation sites. Specifically, the area fraction of lath and αp
phases, the presence of α phase material concentrated within each of these phases, and
the prevalence of the αp grains in these regions sharing a Burgers orientation relationship
with the parent prior β phase have been measured. Measurements of these features ob-
served at fatigue crack initiation sites is intended to yield insight regarding the mechanism
of damage accumulation and the significance of slip transfer between the lath and equiaxed
α phases leading to fatigue crack initiation. The following analyses have been completed
as an assessment of the degree of microstructural heterogeneity observed across various
fatigue crack initiation sites. The measurement of these features will be examined to de-
termine if any of these features correlate with lifetime. These data will also be integrated
into the development of a model of fatigue damage accumulation in these microstructural
neighborhoods.
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Figure 4.26: The (a)α phase, (b)β phase, (c)lath α, and (d)αp phase IPF maps and corre-
sponding pole figures are displayed for an OIM scan acquired near a fatigue crack initiation
site.
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4.5.1 Variation in Texture within Lath and Equiaxed Alpha Phases
The data from OIM scans has been segmented by particle morphology, as described in
Section 3.4.6, to separate the lath and equiaxed α phases for characterization. In an effort
to distinguish the crack initiation sites from the general microstructure, a number of features
have been quantified.
First, the area fractions of the lath α and αp were measured to determine how the dis-
tribution of these phases compares with the distribution of these phases within nominal
microstructural areas. Figure 4.27 is a plot of the area fraction of these two phases for a
number of fatigue crack initiation sites and for nominal microstructural areas. This data
is plotted against lifetime to failure to ascertain whether these features could be used as
a metric for susceptibility to fatigue crack initiation as well as a means for distinguishing
initiation sites from nominal areas. As the plot illustrates, the material at the fatigue crack
initiation sites is not much different than the material observed in random microstructural
areas. Namely, the area fractions of lath and αp material overlap with the measurements
taken from random microstructural areas. This observation offers additional evidence for
the conclusions from Section 4.3.2 that clusters of αp grains are not necessary for fatigue
cracks to initiate.
In addition to quantifying the area fraction of the individual α phases, the presence of
textures suitable for basal and prism slip has been quantified to determine if the majority of
the α phase material is oriented for either of these slip systems as found in Section 4.4.2.
Basal slip is operative in facet formation, however as the inverse pole figures in Figure
4.24 illustrate, these regions also have some grains favorably oriented for prism slip. A
plot illustrating these measurements is shown in Figure 4.28 and it is clear from this plot
that the amount of material preferentially oriented for activation of basal and prism slip
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Figure 4.27: A plot of the area fraction of lath α and αp at the crack initiation sites com-
pared with that in two nominal microstructural areas.
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Figure 4.28: A plot of the area fraction of material oriented for basal and prism slip at the
crack initiation sites compared with that in two nominal microstructural areas.
is essentially equal for the initiation sites. Additionally, in comparison with nominal mi-
crostructural areas it is clear that fatigue crack initiation sites are not distinguishable based
on these metrics. There is a higher likelihood of finding material oriented for basal slip,
but as the measurements for the nominal microstructure illustrate, this is also found to be
true throughout the microstructure. Furthermore, the area fraction of these textural compo-
nents does not vary in any meaningful way as a function of fatigue lifetime. Therefore, it
is not possible to say that the presence of material oriented for basal or prism slip is more
significant in terms of driving fatigue crack initiation.
Figure 4.29 illustrates the probability that material is lath or equiaxed α given that it
is oriented for a specific type of slip. For example, the red bars depict the area fraction
of material that is lath α given that it is oriented for basal slip. Thus, for the specimen
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Figure 4.29: A plot of the area fraction of phase given that material is oriented for a specific
type of slip at the crack initiation sites compared with that in two nominal microstructural
areas.
with a lifetime of 2 x 108 cycles, approximately 29% of the material oriented for basal
slip is found in the lath α phase and conversely this implies that of the material oriented
for basal slip, 71% is found in the equiaxed αp phase. The only trend observed in this
plot is that fatigue crack initiation sites with shorter fatigue lifetimes display a smaller
percentage of lath α. There is an obvious outlier; the specimen that failed after 2 x 108
cycles had a very low area fraction of material oriented for basal slip in the lath α phase.
Allowing that this data point is anomolous and that the trend is real, these measurements
would suggest that if the material oriented for basal slip is found in the αp phase, a shorter
fatigue lifetime can be expected. This observation appears to agree with the findings of
other researchers [51,54], since it would suggest that larger αp grains are more susceptible
to fatigue damage accumulation and crack formation due to their longer slip length.
119
4.5.2 Significance of Burgers Orientation Relationship in Fatigue Damage Accumu-
lation
Others have shown in monotonic deformation experiments [20] that in some cases, the α/β
phase boundary does not provide an effective barrier to slip transfer between the α and β
phases as a result of the alignment of slip planes in the hexagonal and cubic phases de-
scribed by the Burgers orientation relationship. Specifically, Suri and coworkers observed
that this interface was susceptible to slip transfer when grains were favorably oriented for
the activation of slip on the a1 and b1 directions. This is reflected in the difference of CRSS
values presented for a1- and a2-type prism slip in Table 2.1. To investigate whether slip
transfer between α and β grains is a critical factor in the fatigue damage accumulation pro-
cess, the procedure described in Section 3.4.7 has been used to calculate the misorientation
between the predicted αp grain orientation and the adjacent parent β grain. The results of
this investigation are shown in Figure 4.30. Since most αp grains are surrounded by a num-
ber of prior β grains, the data points in this plot reflect the misorientation between a given
αp grain and the adjacent β grain that represents the minimum deviation from the Burgers
orientation relationship. Open data points correspond to αp grains within the initiation vol-
ume and closed data points represent the orientations of the grains in which αp facets have
formed. This plot illustrates that a majority of the αp grains within the initiation volume are
not related to the prior β grain orientation by the Burgers orientation relationship. If these
grains did maintain the Burgers orientation relationship, the measured minimum possible
misorientation would be on the order 1◦ as observed in the work of Mills et al. [28]. Fur-
thermore, and of more interest, is the observation that the αp grains that form facets do not
maintain the Burgers orientation relationship with the prior β phase. The observation that
the Burgers orientation relationship is not maintained suggests that slip transfer across the
α/β phase interface is effectively inactive as a mechanism of damage accumulation.
This data also provides insight into the processing conditions in these localized regions.
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Clearly, the loss of the orientation relationship between the αp phase and the parent β grains
indicates that the local forging strains were at least as high as ε =1 and that these grains
formed through a process of dynamic spherodization. For further insight into the local pro-
cessing coniditions, the same misorientation data is plotted as a function of the grain size
measured from the OIM scan of this section in Figure 4.31. This was investigated since
it stands to reason that the larger αp grains would have begun to spherodize earlier in the
forging process than the smaller αp grains. As a result, these large grains would have accu-
mulated more deformation during the forging process and are therfore more likely to have
recrystallized during the thermomechanical processing steps. However, this relationship is
not observed in the data. This demonstrates that αp grains which formed late in the thermo-
mechanical processing are no more likely to maintain the Burgers orientation relationship
than the αp grains, which formed later in the forging process.
For comparative purposes, the deviation of the αp and β grains from the Burgers orien-
tation relationship was investigated in nominal microstructural areas as well. These results
are shown in Figure 4.32, which is a plot of the misorientations of the αp grains with re-
spect to the closest predicted beta phase orientation for random microstructural areas. As
indicated, the measured misorientations of the αp grains in the general microstructure are
randomly distributed across a range of values, which is similar to what has been observed
at fatigue crack initiation sites. Furthermore, the misorientation measurements do not ex-
hibit an observable trend with respect to the αp grain size. This is illustrated in Figure 4.33,
which is a plot of the misorientation against the αp grain size. Since the misorientation
measurements at fatigue crack initiation sites and within the general microstructure exhibit
the same characteristics, this metric is not capable of distinguishing initiation sites from
general microstructural areas.
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Figure 4.30: Measurements of αp grain misorientations relative to initial β phase orienta-
tion near fatigue crack initiation sites.
Figure 4.31: Measurements of αp grain misorientations relative to initial β phase orienta-
tion near fatigue crack initiation sites. These measurements are plotted against the grain
size measured from this section.
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Figure 4.32: Measurements of αp grain misorientations relative to initial β phase orienta-
tion in general microstructural regions.
Figure 4.33: Measurements of αp grain misorientations relative to initial β phase orien-
tation in nominal microstructural areas. These measurements are plotted against the grain
size measured from this section.
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4.6 Mechanism of Fatigue Crack Initiation
Figure 4.34 is a schematic that depicts the proposed mechanism of subsurface fatigue crack
initiation that is consistent with the observations in this study. The αp grains are shown in
the schematic, while the lath α is not drawn, but assumed to have crystallographic orien-
tations as predicted by the Burgers orientation relationship. The larger grayscale regions
are drawn to illustrate the β grains. Each of the images depict the stages of fatigue damage
accumulation in microstructural neighborhoods which ultimately leads to fatigue crack ini-
tiation. Figure 4.34 (a) illustrates the general microstructure, which is free of deformation
and slip accumulation, while (b) depicts the accumulation of slip in a few αp grains. Fig-
ure 4.34 (c) shows the intensification of slip in those initial grains and the initiation of slip
deformation in a few adjacent αp grains. The last stage, as shown in Figure 4.34 (d) indi-
cates that a crack has initiated from the linkup of these related slip events. This proposed
mechanism is based on the fractographic evidence that crack initiation takes place across a
number of αp grains, typically over a region of 40-70 µm in diameter. The facets that form
on the fracture surface result from slip deformation on and eventual separation of the basal
plane in αp grains. Additionally, as shown in Figure 4.23, it appears that these αp grains are
contained within one large β grain and that many of them have similar crystallographic ori-
entations. Since a majority of αp grains within these regions have similar crystallographic
orientations, it is presumed that if slip can accumulate in one of these grains, it will likely
be able to accumulate in a number of αp grains within the β grain. Likewise, the lath α are
known to be oriented for slip deformation in these regions and are presumed to accumu-
late slip and contribute to the general fatigue damage accumulation in these microstructural
regions.
The proposed mechanism can be generalized to explain the process of fatigue crack
initiation for the three types of crack initiation sites that were observed. In the case of
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surface crack initiation, faceted fracture of αp grains is still observed, and the mechanism
is essentially the same. However, the size of the faceted region is smaller for surface failures
than it is for subsurface crack initiation sites. Therefore, the same mechanism is believed
to be applicable, but fewer αp grains are required to accumulate cyclic strain, since surface
connected cracks can be smaller than subsurface cracks and still propagate at the same
rate due to differences in stress intensity and environmental contributions at these sites. In
subsurface macroscopically planar failures, the whole faceted region has the same spatial
orientation with respect to the loading axis. This indicates that the αp grains and lath α
colonies within the crack initiation region all have a similar crystallographic orientation.
The noticeable feature of these initiation sites is that they appear to form from the faceted
fracture of transformed β regions of material. There are clearly αp grains in that area,
however, the slip planes of αp grains and transformed β regions of material must be aligned
such that the grain boundaries between these phases are not distinguishable on the fracture
surface. For these types of failures, it is still thought that slip must accumulate in a number
of αp grains or transformed β regions in order to initiate a fatigue crack.
A similar explanation for crack initiation has been postulated in the work of LeBia-
vant et al. [48] on the microstructural influences of bending fatigue in Ti-6Al-4V. They
observed that cracks initiate in macrozones, which are defined as regions of material in
which the majority of αp grains have a similar orientation. In the macrozone that initiated
the dominant fatigue crack, multiple microcracks were observed. They postulated that the
dominant fatigue crack grew out of these macrozones due to microcrack coalescence. In
the current work, there is no evidence of slip offsets or microcracks in αp grains aside from
those on the fracture surface. Fatigue damage is believed to accumulate throughout these
similarly oriented regions of material and slip activity in neighboring grains may facilitate
crack initiation and growth. However, no evidence of other cracks is observed and thus
crack coalescence is not believed to significantly affect crack growth rates. This difference
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Figure 4.34: A schematic depiction of the crack initiation process. a.) illustrates the
microstructure before any fatigue cycles have been applied. b.) depicts slip accumulation
in a few favorably oriented αp grains. c.) demonstrates the intensification of slip within
ceratin αp grains and slip accumulation within neighboring grains as well. d.) illustrates
the formation of a crack within the microstructure.
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may be due to the fact that LeBiavant et al. [48] performed their tests at 800 MPa in a
material with a yield strength of 850 MPa, while the current investigation focused on the
fatigue behavior at much lower stresses in the range of 0.4-0.6 of σYS , where it is unlikely
that slip activity would intensify to such an extent that fatigue cracks would initiate in other
αp grains.
4.7 Summary and Conclusions
Ultrasonic fatigue at a load ratio of 0.05 and stresses (σmax) in the range of 500-700 MPa
has been shown to produce failures that display similar trends in lifetime and fractographic
appearance with respect to conventional frequency fatigue. Three characteristic types of fa-
tigue crack initiation sites have been identified; surface, subsurface with isolated faceting,
and subsurface with contiguous facets. Surface initiated failures exhibit the shortest life-
times, while subsurface failures tend to have slightly longer lifetimes. Cracks initiate in
larger than average sized αp grains, however these grains do not fall in the extreme tails
of the αp grain size distribution. Strain localization within these grains appears to activate
basal slip. The initiation process leads to microcrack formation in the αp grains parallel
to the basal plane. Pseudo-cleavage is not operative, since facets are oriented for slip on
rational crystallographic planes. Cracks typically form in αp grains that are oriented for
slip on basal planes which are located within neighborhoods where other αp grains are
also oriented for slip. These microstructural configurations appear to be found more often
in textured regions. It is believed that the crystallographic orientations of the αp grains
within these microstructural regions encourages the accumulation of deformation in these
neighborhoods. However, spatial clustering of αp grains has been proven not to be the
distinguishing microstructural feature at crack initiation sites. Crack initiation sites have a
preferred texture, and it is observed that a majority of the grains near the site are oriented
for easy basal or prism <a> type slip.
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Chapter 5
Fatigue crack growth in Ti-6246
In Chapter 4 it was shown that local microstructure plays an important role in the crack
initiation process. However, these studies did not allow the determination of the influence
of microstructure on the propagation of fatigue cracks after initiation. It is reasonable to ex-
pect that local microstructure may influence fatigue crack propagation behavior, especially
in the small fatigue crack regime [24, 69–72, 75]. This chapter addresses the small fatigue
crack growth behavior of duplex Ti-6246 by using acetate replication to document fatigue
crack growth from small artificially produced notches subjected to ultrasonic fatigue.
The main objective of this portion of the study is to determine if certain local mi-
crostructures are more susceptible to crack propagation than the nominal microstructure.
To investigate this, the microstructural regions at the notch tips have been examined to de-
termine if certain neighborhoods typically encourage fatigue crack initiation. Secondary
objectives are to determine the variability in small crack growth rates as a function of
both microstructure and cyclic frequency. Finally, fatigue crack growth behavior will be
used to predict fatigue life for comparison with measured fatigue lifetimes from the S-N
experiments. Since small fatigue cracks often propagate at faster rates than long fatigue
cracks for equivalent stress intensity values [69–71], accurate predictions of damage tol-
erant fatigue lifetimes require consideration of small fatigue crack growth rates. The key
experimental approach involves characterizing the microstructure at the tips of numerous
artificial notches and relating both lifetime and fatigue crack growth rates to variations in
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Figure 5.1: Specimens used for fatigue crack growth studies; 5 micronotches were ma-
chined on each side of the specimen. Not drawn to scale.
microstructure.
Fatigue crack growth rates have been measured from smooth bar fatigue samples that
had flat regions machined on opposing sides, as shown in Figure 5.1. To localize fatigue
crack initiation, micronotches were machined on the flats of specimens using a femtosec-
ond laser and a focused ion beam microscope (FIB), as described in Section 3.2.3. The
laser machined micronotches were larger, with a surface length (2c) on the order of 100
µm, which was the smallest dimension that could be reproducibly achieved. Much smaller
surface notches were produced using the FIB, and these micronotches range in size from
15-40 µm. Thus, the laser machined defects are appropriate for studying long crack growth
behavior at ultrasonic frequencies, while the FIB machined notches were used to examine
the role of notch length and microstructural variability at the notch tips on the fatigue crack
initiation and small fatigue crack growth behavior.
All fatigue crack growth data collected are shown in Figure 5.2. This plot includes
data acquired at 20 Hz from naturally initiated fatigue cracks and at 20 kHz from cracks
initiated by FIB and laser-machined micronotches. The red curve in this plot represents a
prediction by Larsen et al [116] of the long crack growth rates for R=0.05 based on crack
growh rates measured from fatigue testing at other stress ratios from a C(T) specimen. In
their work, they fit the experimental data from other stress ratios using Equation 5.1. There
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Figure 5.2: Fatigue crack growth data acquired at 20 Hz and 20 kHz for both microstruc-
tures at room temperature in laboratory air.
is variability in fatigue crack growth rates in the small crack regime, but significantly less
in the long crack regime.
log(da/dN) = C1(arctanh(C2[log(∆K) + C3])) + C4 (5.1)
5.1 Long Fatigue Crack Growth
Long fatigue cracks, or cracks that propagate as predicted by LEFM, were studied using
femtosecond laser machined micronotches. In this case, the initial notch surface length was
typically on the order of 100 µm (2c). Figure 5.3 displays a plot of the fatigue crack growth
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data as measured from these specimens. All tests were run at R=0.05 in laboratory air. The
growth rate of these cracks is very close to the predicted long crack growth rates as shown
with the solid red line. The closed data points represent data from fatigue specimens tested
at conventional frequencies of 20 Hz. Fatigue crack growth data from ultrasonic frequency
tests is illustrated with open data points and these data have similar growth rates as the
conventional frequency data and the long crack growth predictions. The 20 Hz tests were
run at a stress level (σmax) of 860 MPa, while the 20 kHz tests were run at stresses ranging
from 550-700 MPa. As the data exhibit the same behavior, it is clear that the replication
technique can be successfully applied under ultrasonic fatigue loading conditions. There
is very little scatter in the fatigue crack growth rates of long cracks and that there is no
frequency effect observable between 20 Hz and 20 kHz.
5.2 Small Fatigue Crack Growth
A summary of all fatigue tests for which da/dN data were obtained is shown in Table 5.1.
The FIB machined notches enable the observation of small fatigue crack growth behavior
and the interaction of these small fatigue cracks with local microstructure. No effect of
testing frequency was observed on small fatigue crack growth rates. As expected, the small
fatigue crack growth behavior exhibited much more variability than long crack growth
rates. This portion of the investigation focused on the interaction of small fatigue cracks
with local microstructure. As Table 5.1 illustrates, FIB notches with a surface length of
less than approximately 20-25 µm are unlikely to initiate life-limiting fatigue cracks. The
use of multiple FIB notches in every fatigue specimen enabled a direct comparison of the
influence of specific microstructural neighborhoods on the cycles required to initiate a crack
and the subsequent growth rates. The morphology of the microstructure at the notch tips
did not correlate with the lifetime to fatigue crack initiation or subsequent growth rates.
However, the earliest notches to initiate a crack exhibited a texture in which there was
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Figure 5.3: Fatigue crack growth curves as measured from specimens with femtosecond
laser machined micronotches. Closed data points were acquired at 20 Hz, while open data
points were measured at 20 kHz. R=0.05, RT.
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Table 5.1: Notch Size and Initiation Location












Each entry in this table represents 1 specimen which has 10 notches in it.
a slight preference for the α phase material to be favorably oriented for basal slip. The
microstructures that were most resistant to fatigue crack initiation from notches had their
basal poles oriented parallel to the tensile axis. In cases where this is the predominant
intensity peak, cracks did not initiate from these notches. However, even in cases where
this is not the dominant texture, crack initiation was still delayed. These results will be
presented and discussed in the remainder of Section 5.2.
5.2.1 Effect of Frequency on Small Fatigue Crack Growth Rates
Fatigue crack growth data is plotted in Figure 5.7. This plot includes data from both nat-
urally initiated cracks propagated at conventional frequencies [129], shown in open trian-
gles, and FIB-initiated small fatigue cracks grown at ultrasonic frequencies, as shown with
closed circles and open squares. As this plot shows, the growth rates are similar at each of
the frequencies, that is, they do not exhibit a frequency effect. This is consistent with obser-
vations by Boyce et al. [86] in an investigation of frequencies ranging from 50 Hz through
1 kHz in duplex Ti-6Al-4V, and data from others [83,84,109] indicates no frequency effect
from 20 Hz through 20 kHz.
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Analysis of the fatigue crack growth paths observed at both frequencies indicates that
the fracture paths between the two materials are essentially the same. Figure 5.4 illustrates
the fatigue crack growth path observed in a pancake specimen cycled at conventional fre-
quencies in which the fatigue crack initiated naturally. The crack initiated from the α grain
indicated with the arrow. Figure 5.5 illustrates the crack growth path of a fatigue crack
that has initiated from a FIB notch and propagated at ultrasonic frequencies. Figure 5.6 is
a micrograph of a sample in which a fatigue crack has initiated from a FIB notch in the
disk microstructure and has propagated at ultrasonic frequencies. In each of these micro-
graphs, some of the αp grains appear to deflect advancing fatigue cracks, while in other
cases fatigue cracks propagate directly through αp grains.
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Figure 5.4: A SEM surface micrograph of a fatigue crack that was observed to initiate naturally. This specimen was tested at a
stress (σmax) of 860 MPa at a load ratio of 0.05 at 20 Hz. At this point the specimen has experienced 52,000 cycles, and the crack
has grown to a length of 168 µm.
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Figure 5.5: An SEM micrograph of a fatigue crack that initiated from a FIB notch in the pancake microstructure and propagated
at ultrasonic frequencies. This specimen was tested at a stress (σmax) of 600 MPa at a load ratio of 0.05 at 20 kHz. The tensile
axis is vertical.
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Figure 5.6: An SEM surface micrograph of a fatigue crack that initiated from a FIB notch in the disk microstructure and
propagated at ultrasonic frequencies. This specimen was tested at a stress (σmax) of 600 MPa at a load ratio of 0.05 at 20 kHz.
The tensile axis is vertical.
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5.2.2 Variability in Small Fatigue Crack Growth Rates
Figure 5.8 displays the small fatigue crack growth data collected at ultrasonic frequencies.
The small crack growth rates converge with the long crack growth rates at a stress intensity
of about 5 MPa m1/2, which corresponds to a crack size (2c) of approximately 60 µm at
these stress levels. At this size, the crack is approximately 15 times larger than the average
αp grain size, so it seems reasonable that microstructural similitude has been achieved, and
it is expected that these growth rates will fall on top of the predicted long crack growth
rates. As Figure 5.7 illustrates, small fatigue cracks can propagate well below the long
crack growth threshold. Furthermore, variability is observed in the growth rate, and the
range of growth rates can be quantified in the near threshold regime by using a power law
fit of these portions of the crack growth curves. The constants extracted from a power law
fit for the slowest and fastest cracks observed are displayed in Table 5.2.
5.2.3 Role of Microstructure in Small Fatigue Crack Growth Rates
The effect of microstructure on small fatigue crack growth rates is addressed in three sub-
sections. The small fatigue crack growth results are divided to analyze the effect of bulk
microstructure, the controlling microstructural dimension in fatigue crack initiation, and
the effect of local microstructural neighborhoods at notch tips on fatigue crack initiation
and early propagation behavior. These sections will focus on the fatigue crack growth
behavior at ultrasonic frequencies.
Table 5.2: Constants from a Power Law Fit of Small Fatigue Crack Growth Rates
C* m
Fastest Crack 1.34 x 10−11 3.12
Slowest Crack 1.65 x 10−12 3.50
*Units in m/cycle
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Figure 5.7: Small fatigue crack growth data for cracks initiated from FIB-implanted
micronotches (20 kHz) and naturally initiated cracks (20 Hz).
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5.2.3.1 Effect of Bulk Microstructural Morphology on Small Crack Growth
As Figure 5.8 illustrates, there is little difference in the small crack growth rates between
the pancake and disk microstructures, despite the higher volume fraction of αp grains in
the disk as compared to the pancake. This fact is also illustrated in the micrographs shown
in Figures 5.5-5.6, where the tortuosity of the fracture path is similar. From these micro-
graphs, it would appear that the fatigue crack avoids cutting through the αp grains, but this
is not strictly true. In some cases, the orientation of the active slip systems within the αp
grains with respect to the approaching fatigue crack can be determined by the slip lines
within those αp grains. A few observations can be made about the likelihood of fatigue
crack propagation through αp grains or deflection of the crack around these grains, based
on post-mortem analysis of the surface. Slip steps are observed within the majority of αp
grains and these highlight the active slip planes in the advancing plastic zone at the fatigue
crack tip.
Generally, the crack path is observed to follow the interface between the lath α and the
retained β phase. This behavior is accentuated in cases where large α laths are present.
Thus, the orientation of the lath and retained β phases appears to determine the fatigue
crack propagation path. The αp grains, despite being the minority phase, will also affect
the fracture path of these advancing microcracks. The majority of the αp grains near the
fracture path exhibit the formation of slip lines. As the data in Section 4.5.2 show, it
is clear that many of the αp grains do not maintain the Burgers orientation relationship
with the transformed β phase, which indicates that the crack propagation direction will not
be continuous across these phase interfaces. In the relatively rare cases (< 10%) where
the αp grains do not form slip lines observable with SEM examination of the specimen
surface, the advancing microcrack is typically deflected by the αp grain. Within the class
of αp grains that form slip lines, two subdivisions of αp grains can be constructed. These
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subcategories are determined by the orientation of slip lines with respect to the advancing
fatigue crack. In some cases, the slip lines within the αp grains are oriented parallel to
the overall fatigue crack growth direction, while in other cases the slip lines are highly
misoriented with respect to the advancing microcrack. If the slip lines are misoriented (>
30◦) with respect to the overall crack growth direction, the advancing crack is typically
deflected by the αp grain. In the case where slip lines are aligned with the advancing
fatigue crack, it is typically observed that the crack will propagate through the αp grain.
However, it should be noted that there are naturally exceptions to all of these observations.
These exceptions illustrate some of the difficulties associated with trying to interpret the 3
dimensional nature of fatigue crack growth from 2 dimensional surface observations. With
this approach, it is not possible to determine the microstructural configurations present in
the specimen interior that are influencing the overall fatigue crack growth rates and fracture
path.
5.2.3.2 Effect of Initial Notch Size
A range of micronotch sizes was used to investigate the competition between microstruc-
ture and different notch sizes. As the notch size decreases, microstructural features are
expected to control the process of fatigue crack initiation. Notches ranging from 2c ≈
15-40 µm were investigated in this study, and Figure 5.9 displays the number fraction of
notches that initiated cracks as a function of the initial notch size for both pancake and
disk specimens. Each column in this plot represents a specimen with 10 FIB-machined
micronotches. In two specimens from the pancake microstructure, fatigue cracks did not
initiate from notch sizes (2c) of 20 µm did not initiate any cracks, which is indicated by the
absence of data above these 20 µm markers. Micronotches on the order of 25 µm were the
smallest notches observed to initiate fatigue cracks in the pancake microstructure. How-
ever, notches on the order of 20 µm commonly cause fatigue failures in the disk material.
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Figure 5.8: Growth rates are shown for just the disk and pancake material collected at 20
kHz, room temperature, R=0.05, σmax=600 MPa, in laboratory air.
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These results are summarized in Table 5.1, which indicates some subtle differences exist
between microstructures. As a result, most of the fatigue crack growth tests completed in
this study have focused on cracks initiating from notches in this size regime to investigate
the competition between initiation from microstructural features and initiation from FIB
micronotches.
The apparent difference in critical initiation sizes between the pancake and the disk can
be rationalized since the disk has a higher volume fraction of αp grains. As αp grains are
observed to be instrumental in the formation of fatigue cracks, it is intuitive that the greater
inherent connectivity of these grains results in a smaller critical defect size controlling
fatigue crack initiation.
While crack initiation ocurred for a few notches with a dimension 2c = 14 µm, these
cracks did not propagate beyond one grain diameter. Rather, in this specimen the fatal
crack initiated from a microstructural feature in the specimen interior. In fact, one of the
specimens, with 14 µm FIB notches as shown in Figure 5.10, initiated from a subsurface
location. Thus, this microstructural region is more susceptible to fatigue damage accumu-
lation than the microstructural neighborhood near the micronotch on the specimen surface.
As shown in the fractograph in Figure 5.10b, the major diameter of the facet at the fa-
tigue crack initiation site is approximately 15 µm, which is equivalent to the micronotch
size. Since these length scales are equivalent, it indicates that the differences in damage
accumulation between microstructural neighborhoods is significant and has a measureable
effect on fatigue lifetimes. This observation indicates that there is a substantial initiation
lifetime in this specimen. Additionally, using the measured fatigue crack growth rates at
these stresses, a lifetime on the order of 106 cycles is expected if the fatigue crack had
initiated in the first cycle. The actual lifetime to failure is 2.94 x 108 cycles, indicating that
a substantial portion of the lifetime was consumed with the fatigue crack initiation process.
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Figure 5.9: The fraction of fatigue cracks that have initiated as a function of the initial




Figure 5.10: A specimen with FIB-implanted micronotches that failed from subsurface
fatigue crack initiation: (a.) A micrograph of the of the micronotch (2c=14µm), (b.) a
fractograph of the subsurface fatigue crack initiation site illustrating the presence of a 15
µm facet at the crack initiation site. σmax=600 MPa, R=0.05, 20 kHz, room temperature,
N f =2.94 x 108 cycles.
5.2.3.3 Effect of Local Microstructural Neighborhoods
Since 10 notches were machined in each specimen, a direct comparison of microstructures
was possible. Microstructural regions were compared in terms of both ease of initiation
and ease of fatigue crack growth.
The use of multiple notches in any given specimen allowed for the direct comparison
of growth rates with microstructural neighborhoods. Assuming that a crack propagates as
a semi-circle, the crack front is interacting with much more of the microstructure than is
observable at the specimen surface. Thus, while the grains just at the tip of the crack on
the specimen surface may be unfavorably oriented for slip, the grains at the crack tip in the
specimen interior may be favorably oriented for slip and enable this crack to continue prop-
agating. In this study, comparisons of the microstructural regions around the micronotches
are limited to discussions of local texture of the α phase and the parent β grains, since the
notch size falls well within the dimensions of the microtextured regions, allowing for a
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measureable effect of texture to be observed.
For each specimen, the first notch to initiate a fatigue crack was identified from the
replicas. This is shown in Figure 5.11, which is a plot of a vs. N for all the cracks in one
specimen. These cracks all appear to propagate at similar rates, and differences in crack
sizes can be related to the lifetime at which they initiated, i.e. there are no crossovers in
the crack sizes once the crack has initiated. These data differ from the observations of
Sinha et al. [62] in Ti-6242, where they observed that the cracks that led to final fracture
were not necessarily the first to initiate, but they did initiate from the largest microtextured
regions. This observation is more surprising since Sinha and co-workers were working at
approximately 90-95% of the yield strength of this alloy, and for crack sizes would continue
to propagate once they have initiated.
The local textures, as measured from a 100 x 150 µm area near the notches that were
the first to initiate, are shown in Figure 5.12, and the inverse pole figures are displayed
with a reference frame such that [0001] is parallel to the tensile axis. Each part of this
Figure displays the texture measured in different specimens, and only specimens with a
microstructurally sensitive notch size (2c ≈ 20-25 µm) are shown. Near each of these
notches, there is a slight preferred texture where the material is favorably oriented for basal
slip. For every specimen that was tested, 9 notches were identified as propagating slowly
or not initiating. A representative sampling of the notches that exhibited delayed initiation
is shown in Figure 5.13, and these notches are shown for the same 4 specimens that are
displayed in Figure 5.12. The texture in these microstructural regions is still favorable for
fatigue crack initiation. However, the damage accumulation process near these notches is
sluggish, compared to the regions characterized in Figure 5.12. The intensity of the texture,
indicated by the scale in the pole figures, near these 4 notches is generally not as strong as
that observed near the early-initiating notches. Figure 5.14 displays the texture surrounding
notches that did not initiate fatigue cracks. All of these pole figures exhibit a preferred
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Figure 5.11: A typical a vs. N plot, which shows that the first crack to initiate is also the
crack that grows to the largest size, i.e. no significant crack arrest was observed.
texture where the basal pole is parallel to the loading direction. Another observation of
these textures is that the intensity of the texture continually decreases from the fatigue
crack initiating notches to notches with delayed initiation and ultimately to non-initiating
notches. These results indicate that the ability of the microstructure to accomodate basal
slip is an important factor in fatigue crack growth. If the local texture is not favorable for
the activation of basal slip, then fatigue crack initiation and growth is likely to be delayed
or prevented.
5.2.4 Summary of Small Fatigue Crack Growth in Ti-6246
Fatigue cracks have been initiated from FIB-implanted micronotches and fatigue crack
growth rates have been measured at 20 kHz. The growth rates of these fatigue cracks
do not exhibit any frequency dependence between 20 Hz and 20 kHz. For the pancake
microstructure, notches with a surface length (2c) of 20 µm or less were never observed
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Figure 5.12: The local texture as measured from the area near the FIB-implanted notches
for notches that were observed to initiate first within a given specimen. The textures were
measured from a number of different samples: a.) pancake specimen, 2c=25 µm, b.) disk
specimen, 2c=22 µm, c.) disk specimen, 2c=20 µm, d.) disk specimen, 2c=21 µm.
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Figure 5.13: The local texture as measured from the area near the FIB-implanted notches
for notches with delayed initiation within a given specimen. The textures were measured
from a number of different samples: a.) pancake specimen, 2c=25 µm, b.) disk specimen,
2c=22 µm, c.) disk specimen, 2c=20 µm, d.) disk specimen, 2c=21 µm.
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Figure 5.14: The local texture as measured from the area near the FIB-implanted notches
that did not initiate fatigue cracks. The textures were measured from a number of differ-
ent samples: a.) pancake specimen, 2c=25 µm, b.) disk specimen, 2c=22 µm, c.) disk
specimen, 2c=20 µm, d.) disk specimen, 2c=21 µm.150
to initiate the fatal fatigue crack. In the disk, with notch sizes larger than 20 µm, notches
always initiated fatigue cracks, and these were the dominant cracks leading to specimen
failure. Thus, a range of 20-25 µm has been identified as the controlling microstructural
dimension in the process of fatigue crack initiation, which agrees well with the size of the
initiation region observed in SN-type tests.
Analysis of the specimen surface indicates that the advancing fatigue cracks sometimes
are deflected at αp grain boundaries, while in other cases, they appear to propagate through
these grains. If slip lines are not observable in the αp grain with SEM analysis of the
specimen surface, then the crack will likely be deflected by this grain. In the case where
slip lines do develop, the crack propagates through the αp grain if the slip lines are not
significantly misoriented with respect to the overall fatigue crack growth direction. For
the case of αp grains that form slip lines misoriented by more than about 30◦ with respect
to the crack growth direction, the αp grain would be expected to deflect the approaching
microcrack.
The texture observed in these regions adjacent to the micronotches influences the fa-
tigue crack initiation, with regions favorably oriented for basal slip promoting early fatigue
crack formation. Conversely, when a preferred texture of grains are oriented with their
basal plane normals parallel to the tensile axis, crack initiation from micronotches is sup-
pressed. This suggests that in the absence of material favorably oriented for basal slip, it
may be more difficult for fatigue cracks to initiate from micronotches and grow. Thus, the
fact that material favorably oriented for basal slip is associated with the earliest cracks to
initiate and the absence of these textures is observed in notches that fail to initiate cracks
both point to the fact that basal slip is an important deformation mode in this alloy and
under these loading conditions.
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5.3 Lifetime Predictions
The small fatigue crack growth rates measured from FIB-implanted micronotches were fit
to the power law equation, as described in Section 3.3.3. The constants, C and m, were used
in Equation 3.7 to predict the small fatigue crack growth portion of the fatigue lifetimes by
fitting the small crack growth rates up until the stress intensity at the crack tip was approx-
imately 5 MPa m1/2. Beyond this point, cracks were observed to propagate according to
the long fatigue crack growth rates with insignificant variability. The portion of lifetime
attributed to long fatigue crack growth was predicted using constants measured from fitting
data in the regime of > 5 MPa m1/2. The constants, c and m, representing the bounds of long
fatigue crack growth behavior have been extracted from the long crack growth data and are
displayed in Table 5.3. Using this approach, the worst lifetime predicted was achieved by
the combination of using the largest predicted initiation size, the fastest small crack growth
rate, and the fastest long crack growth rate. Conversely, the longest fatigue lifetime was
predicted by using the smallest starting crack size and the slowest fatigue crack propaga-
tion rates measured for both small and long fatigue cracks. The range in lifetimes predicted
from this approach is illustrated by the curves overlaid on the SN-plot in Figure 5.15. This
approach to predicting lifetimes does accurately predict the minimum observed lifetimes.
As expected, this plot illustrates that the range of fatigue lifetimes predicted from the ob-
served variability in fatigue crack growth rates does not account for the amount of scatter
observed in fatigue lifetimes in the regime of VHCF. This finding indicates that scatter in
the regime of VHCF is primarily attributable to the variability in the process of fatigue
crack initiation.
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Table 5.3: Constants from a Power Law Fit of Measured Long Fatigue Crack Growth Rates
C* m
Fastest Crack 3.4 x 10−12 3.68
Slowest Crack 2.44 x 10−11 2.60
* Units in m/cycle
Figure 5.15: The predicted scatter in fatigue lifetimes is displayed on an SN plot resulting
from the range of fatigue crack growth rates observed in ultrasonic frequency fatigue crack
growth experiments.
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5.4 Summary and Conclusions
This chapter presented results from fatigue crack growth experiments designed to identify
the effect of microstructure on fatigue crack growth behavior in these alloys. The fatigue
crack growth rates measured using ultrasonic fatigue techniques are not observed to exhibit
any frequency effect with respect to the fatigue crack growth rates measured at conventional
frequencies of 20 Hz. Also, there is very little variability in long fatigue crack growth rates,
but substantially more scatter in short fatigue crack growth rates. There is no difference in
the initial short fatigue crack growth rates measured from naturally initiated fatigue cracks
and those growth rates measured from FIB-implanted micronotches. Micronotches with a
surface length (2c) of approximately20-25 µm exhibited a sensitivity to local microstruc-
ture at the notch tips. For all notches of this size, approximately 1/2 of them were observed
to initiate fatigue cracks. For larger, 35 µm, notches these features were always observed
to initiate fatigue cracks. In the case of small notches on the order of 15 µm, other mi-
crostructural neighborhoods are observed to initiate fatigue cracks.
It was shown that the effect of texture is more substantial in terms of inhibiting fatigue
crack initiation from micronotches than encouraging microcrack initiation. In cracks that
were the first to initiate, there is no common texture observed across all initiation sites.
However, a sampling of the notches that did not initiate displayed a trend where the texture
was oriented such that the basal planes are oriented normal to the overall fatigue crack
growth direction. The observed fatigue crack growth rates have been modelled with a
power law fit. The constants from this fit (c + m) have been used to make predictions of the





The experimental characterization results presented in Chapters 4 and 5 identify fatigue
critical microstructural neighborhoods that are more susceptible to fatigue crack initiation
and propagation than nominal microstructures. The goal of this chapter is to provide con-
text for the interpretation of these results. Furthemore, the objective of this chapter is to
elucidate the significance of some experimental results that address topics which are open
questions in the literature.
6.1 Surface vs. Subsurface Fatigue Crack Initiation
Cracks have been observed to initiate at both surface and subsurface locations and this is
often related to loading conditions and testing environment [44,52,95,99]. At high stresses,
fatigue crack initiation at slip bands is the preferred initiation location and slip bands are
typically observed at the surface. However, at lower stresses, the mechanism of fatigue
crack intiation has been observed to shift to the specimen interior. In the regime of VHCF,
researchers have noted the increased likelihood of subsurface fatigue crack initiation in
fatigue specimens. This has been attributed to a number of different factors, such as the
presence of compressive surface residual stresses, the likelihood of finding a crack initiat-
ing defect in the specimen interior compared with the specimen surface, and the effect of
environment. Current thinking and approaches in fatigue work indicate that the presence of
microstructural regions capable of initiating fatigue damage determines where the fatigue
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crack will initiate.
Interpretation of the transition from surface to subsurface fatigue crack initiation may
be analogous to the transition in crack initiation mechanisms as the applied stress is de-
creased. As mentioned in Section 2.2.1.2, cracks are observed to initiate from within a
given microstructural component (grain, colony) at high stresses, while at lower stress lev-
els, initiation is typically observed at grain or phase boundaries and attributed to strain
incompatibility between these two grains or colonies. As suggested in the literature review,
it seems likely that higher stresses lead to the development of slip activity within individ-
ual grains. By extension, if it is easier to initiate slip activity within individual grains at
higher stresses, this should be true for both potential crack initiation sites in both surface
and subsurface locations. However, fatigue critical neighborhoods located at the specimen
surface may be more susceptible to fatigue damage accumulation in the form of slip bands
since the surface grains are less constrained. In the specimen interior, the grains will be
constrained from forming slip bands, and as a result, strain incompatibility at grain bound-
aries and phase interfaces will be the operative mechanism of fatigue crack initiation. As
Section 4.5.2 discussed, since the majority of αp grains do not maintain the Burgers ori-
entation relationship, the implication is that strain incompatibility at αp grain and phase
boundaries will be the mechanism of fatigue damage accumulation. This mechanism of
strain incompatibility may also be operative in surface initiated fatigue cracks, however if
there is a surface-connected region where damage may accumulate by a mechanism of slip
band formation, this mechanism of damage accumulation will preempt the strain incom-
patibility mechanism. In some cases, it is observed that surface initiated failures exhibit
similar lifetimes to subsurface initiated failures. This observation may be due to the fact
that the surface initiated fatigue cracks initiated by a mechanism of strain incompatibility,
rather than by a mechanism of slip band formation.
To summarize, the earliest cracks to initiate will form by a mechanism of slip band
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formation in surface grains. Longer lifetimes will be exhibited by specimens that initiate
fatigue cracks at interfaces where the accumulation of strain incompatibility is operative.
This mechanism of strain incompatibility can operate in the specimen interior and at the
specimen surface, however this mechanism will only be responsible for fatigue damage
accumulation if there are no surface regions capable of forming slip bands.
6.2 Proposed Model of Fatigue Crack Initiation
As discussed in Section 2.2.1, fatigue crack initiation is often attributed to the presence of
microstructural features that promote the localization of cyclic damage. All of the analyses
discussed thus far have indicated that the features observed at the fatigue crack initiation
site are also commonly observed in the nominal microstructure. These include αp grain
size, αp grain clustering, crystallographic orientation, and the presence of microtextured
regions. It appears that all of these features are common in nominal microstructural sections
and thus, the limiting criteria for fatigue crack initiation is the presence of microtextured
regions with grains favorably oriented for basal slip. Since this is believed to drive the
fatigue behavior of this alloy in the VHCF regime, it is important to develop a quantitative
description of probability of occurence of these microtextured regions to determine the
number density of these fatigue critical microstructural regions in a given sample volume.
Figures 4.25, 6.1, and 6.2 illustrate that regions of microtexture are commonly found in
nominal sections of the microstructure. None of the microtextured regions observed in the
random sections exhibit the same intensity of texture observed at the fatigue crack initiation
site, as shown in Figure 4.23. It is implausible to say that such a large region of microtex-
ture is required to form a fatigue crack. More likely, the size of the microtextured region
simply increases the potential number of sites from which a fatigue crack may initiate. As
the fatigue crack growth studies illustrated, notches on the size of 20 µm are capable of
overcoming nominal microstructures in the process of fatigue crack initiation. To quantify
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the number of potential initiation sites within a given sample, it will be necessary to make
a few assumptions. To err on the side of safety, it will be assumed that an aggregate of lath
and equiaxed αp grains on the order of 50 µm must be present in order for a fatigue crack to
initiate. This is 2.5 times larger than the size observed to be important in the fatigue crack
growth studies. Additionally, to convert the scans from a measure of area to a volumetric
measurement, it will be assumed that these scans actually characterize a thickness of 10
µm both above and below the section plane. In other words, if there is a fatigue critical
neighborhood with its center displaced 10 µm above or below these section planes, it is
expected that these features would be identifiable in these IPF maps.
Upon examination of these figures, it is clear that fatigue critical regions on the order
of 50 µm can be found in both OIM scans and these regions are indicated with arrows.
The total area of material characterized between these three regions is 4.8 mm2. Assuming
that the thickness of material that has been characterized is approximately 20 µm, the total
volume of material characterized would then be 0.096 mm3. In Figure 4.25, two potential
initiation sites can be identified and within the other two scans, three additional potential
fatigue crack initiation sites can been identified and these are indicated with arrows. There-
fore, a total of five occurences have been identified in a sample volume of approximately
0.1 mm3. Thus, if this occurence rate is scaled up to the size of the specimen gage volume
of 48 mm3 (12 mm in length with a 4 mm diameter), it is predicted that there would be
on the order of 2,400 potential fatigue crack initiation locations. With this many potential
initiation sites, it would appear that fatigue crack initiation is nearly certain for any given
specimen. However, some specimens are observed to runout to 109 cycles without failure.
This observation would seem to indicate that the fatigue process is highly stochastic and
that despite the presence of fatigue critical microstructural neighborhoods, crack initiation
is by no means assured.
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Figure 6.1: An example OIM IPF map where just the material that is favorably oriented
for basal slip has been selected to illustrate the heterogeneous distribution of these regions
within the microstructure and the number of potential factigue crack initiation sites within
these regions. The total area of this scan is 1.8 mm2.
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Figure 6.2: An example OIM IPF map similar to that shown in Figure 6.1. The total area
of this scan is 2.5 mm2.
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Chapter 7
Conclusions and Future Work
7.1 Summary and Conclusions
7.1.1 Fatigue Behavior and Fractographic Analysis
Ultrasonic frequency fatigue has been completed at 0.4-0.6 σYS on Ti-6246, and lifetimes
in the range of 106 − 109 have been observed. Two different microstructural conditions
have been investigated, and similar average fatigue lifetimes are observed for both batches
of material. Three characteristic crack initiation sites have been identified, and they can
be ranked in order of severity based on the average observed lifetime to failure. Surface
initiated cracks exhibit the shortest lifetimes, while subsurface cracks with isolated faceting
display longer lifetimes, and subsurface initiation from contiguous facets offer the highest
fatigue crack initiation resistance. Aside from this general trend, there is scatter of approx-
imately 2-3 orders of magnitude associated with each of the characteristic fatigue crack
initiation sites, and it is not possible to directly relate the observed lifetimes to distance
of the crack initiation site from the specimen surface. The implication of this is that scat-
ter in fatigue lifetimes cannot be accounted for as an environmental effect on the fatigue
crack growth process, but rather that this scatter results from variability in the fatigue crack
initiation process.
Crack initiation is associated with facet formation in αp grains. Furthermore, the αp
grains that form facets do not fall into the tails of the αp grain size distribution, i.e. they are
common within the microstructure. In other words, they are commonly found throughout
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the sample gage volume. The facets do not exhibit any specific spatial distribution. That
is, the spatial distribution of facets is similar to the distribution of α grains in the nominal
microstructure. Thus, the critical microstructural features responsible for fatigue crack ini-
tiation cannot be identified based on αp grain size or spatial distribution. Using stereology,
the orientation of these αp facets indicates that they form due to a slip-type process, i.e.
facet poles are commonly oriented 30-60◦ away from with respect to the tensile axis.
7.1.2 Crystallographic Orientation and Texture Analysis
The facet plane of the αp facets was determined to be the basal plane of the hcp lattice
from the combination of OIM and stereological measurements. As the stereological mea-
surements indicated, these facets are oriented for a high resolved shear stress indicating
that basal slip is the operative deformation mechanism. In surface initiated failures, 1-2
large grains are observed to be oriented for basal slip. In subsurface initiated failures with
isolated facetting, the microstructural regions near the site of fatigue crack initiation are
observed to have a strong preferential orientation for basal and prism slip. In subsurface
initiated failures with contiguous facetting, the texture does not appear to be very strong.
These results are summarized in Table 4.6. The presence of these regions of material that
are favorably oriented for basal slip are derived from the parent β grain orientation through
the Burgers orientation relationship. These so-called microtextured regions are commonly
observed in the general microstructure as well. Observations of nominal microstructural
regions with OIM techniques indicate that these fatigue critical regions are commonly ob-
served in the average specimen gage section. This suggests that many of these fatigue
critical regions remain inactive in each specimen. Thus, as the presence of microtexturing
is not a distinctive characteristic of the fatigue crack initiation sites, it appears that subtler
aspects of these textured regions must exist that enhance the susceptibility of these regions
to cyclic damage accumulation and fatigue crack formation.
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Additional measurements of the fatigue crack initiation sites have been made to quan-
tify the microstructural configurations at those sites. These measurements were taken to
determine the effect of αp vs. lath α on the resulting fatigue lifetimes. In both cases, only
the α phase material oriented for basal slip was considered. The results indicate that for
a given volume fraction of material favorably oriented for basal slip, longer fatigue life-
times are observed in specimens that have a lower percentage of the material oriented for
basal slip concentrated in the αp grains. This suggests that if the material oriented for
slip exists in the phase with a finer scale, it will take longer for fatigue damage to accu-
mulate and form a fatigue crack. In other words, fatigue resistance is improved as the
microstructural phases are refined. This observation appears to agree with the findings of
other researchers [51,54], since it would suggest that larger αp grains are more susceptible
to fatigue damage accumulation and crack formation due to their longer slip length.
The orientation of these αp grains near the fatigue crack initiation sites has been mea-
sured to determine if their crystallographic orientation can be predicted by one of the Burg-
ers orientation variants of the parent β grain orientations. In general, the αp grains that
form facets are not observed to maintain an orientation that is predicted by the Burgers
orientation relationship, which indicates that slip transfer between the αp grains and the
α laths is not an operative fatigue crack initiation mechanism. The measurements of αp
grain misorientations with respect to the parent β grain orientations from initiation sites
are similar to the misorientation measurements of αp grains within random microstructural
sections. Based on these measurements and the observed texture, a mechanism of fatigue
crack initiation has been proposed, which is hypothesized to operate by a mechanism of
strain incompatibility.
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7.1.3 Fatigue crack growth
Fatigue crack growth rates have been characterized for both small and long fatigue cracks.
No effect of frequency was observed between the two frequencies investigated: 20 Hz and
20 kHz. Also, bulk microstructure (disk vs. pancake) was not observed to affect the growth
rates in these experiments. The fatigue crack growth path was affected by the presence of
αp grains. If αp grains did not form slip lines, the advancing fatigue crack was typically
deflected by these grains. Furthermore, if the slip lines formed a large angle with the
direction of microcrack advance, the αp grains also tended to deflect the fatigue crack.
Only when the slip lines in αp grains were aligned with the approaching crack was the
crack observed to propagate through these grains.
Notches ranging in size from (2c) 15-40 µm have been machined in fatigue samples,
with a critical notch size on the order of (2c) 20 µm being observed to initiate fatigue cracks.
For the case of micronotches smaller than these dimensions, cracks were observed to initi-
ate from microstructural features elsewhere within the gage volume. Small fatigue cracks
did exhibit variability in their growth rates. The first cracks to initiate always led to spec-
imen failure. These life-controlling notches are associated with microstructural neighbor-
hoods that are more susceptible to accelerated fatigue damage accumulation, as indicated
by the texture observed for basal slip. In the case of notches that did not initiate fatigue
cracks, it was observed that the texture was oriented such that the basal poles of many
grains were parallel to the tensile axis. The difficulty of deformation on the basal planes
with these orientations is believed to explain the generally improved fatigue resisatnce in
these microstructural regions.
Using the constants, C and m, as measured by a power law fit of the fatigue crack
growth data, it was possible to predict the worst case fatigue lifetime observed in SN-type
tests.
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7.2 Recommendations for Future Work
Based on the findings presented in this thesis, the following recommendations are made for
future research in this area.
(1) One of the central ideas in current fatigue variability work is that multiple mech-
anisms of fatigue failure may be operative at any given stress level. For each of these
mechanisms, there is not a deterministic lifetime, but rather a distribution of lifetimes is
possible. Thus, to fully explain fatigue variability as a function of microstructural hetero-
geneity, the statistical distribution of lifetimes as a function of initiation mechanism must
be characterized. This approach requires that a substantial number of tests be run to sample
each mechanism and fully describe the distribution of lifetimes attributed to each mecha-
nism. Therefore many repeat fatigue tests should be completed at the same stress level to
ensure that the full range of initiation mechanisms are represented. As these distributions
are more fully characterized, the severity of different microstructural regions and the asso-
ciated microstructural neighborhoods will be identified. As more testing is completed, a
probabilistic analysis of the observed lifetimes will become useful in identifying the spe-
cific fatigue crack initiating mechanisms similar to the work of Jha and co-workers [95].
(2) In line with the approach of using multiple repeats, a 3D volume of material should
be serial sectioned from a fatigue crack initiation site. The acquisition of a digitized mi-
crostructural volume would be useful for a number of purposes. First, it would allow for
a full interrogation of this volume and characterization of microstructural features such as
distributions of grain size, misorientation, phase distribution and spatial descriptors such
as two point statistics. A further step would be to employ this 3D volume in FEM simula-
tions to study the effect of interactions between adjacent grains. Eventually, the distribution
of microstructural features measured from this volume could be used to generate sythetic
microstructures that would be appropriate for FEM simulations.
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(3) TEM dislocation analysis could be conducted on foils extracted from the initiation
region to determine how much slip activity is observed throughout the initiation volume.
This analysis, while difficult and time consuming, would provide direct observations of the
dislocation activity in the initiation site. Further, it would be possible to investigate the
effect cyclic strain accumulation and impingement in adjacent grains.
(4) Complete fatigue experiments using coarse grain structures or leaner α + β alloys.
With coarser microstructures, it would be easier to directly observe the formation of fatigue
damage on the specimen surface in properly prepared specimens. Also, coarser microstruc-
tures would enhance the observable plasticity within individual grains and highlight the
effects of the neighborhood and the interaction between adjacent grains.
(5) Investigate the effects of extreme microstructures. Since the variability in lifetimes
is attributed to the presence of fatigue critical microstructural locations, it would be in-
structive to run experiments on specimens where the presence of extreme fatigue critical
defects are a certainty and the distribution of these microstructural locations can be con-
trolled. Since microtexture is observed drive fatigue crack initiation, it would be insightful
to produce specimens in which it is known that extreme regions of microtexture (in terms
of size and intensity) in which the texture is very strong and these regions are ubiqui-
tously distributed throughout the microstructure to determine the effect of these extreme
microstructures on the observed fatigue lifetime variability. Similar to the work of Riedler
et al. [130], it is possible to create specific textures and gradients of texture within a given
forging. These techniques could be employed to process material with known textures, and
specimens could be extracted from this material and be machined into fatigue specimens.
(6) Strain mapping experiments would provide valuable insight into the process of fa-
tigue damage accumulation that would allow modelers and alloy designers to identify the
critical processes in the mechanism of fatigue damage accumulation. As described in the
thesis, regions of microtexture are observed to initiate fatigue cracks, however the evidence
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for the mechanism of damage accumulation within these regions is indirect. As this thesis
has illustrates, it is possible to ascertain some of the important microstructural characteris-
tics in the process of damage accumulation, however direct evidence from strain mapping
experiments be valuable in informing these models of damage accumulation. Strain map-
ping experiments could be run in-situ or through interrupted testing. It would be necessary
to run these tests at higher stresses to encourage fatigue crack initiation at the specimen
surface. Additionally, by using an hourglass specimen design, it would be easier to mon-
itor the evolution of fatigue damage owing to the reduced volume of interest. It might
also be necessary to run these experiments on a coarse-grained microstructure to aid in
the interpretation of results since the microstructure used in this study is very fine and not
necessarily amenable to the resolution limits of most strain mapping techniques.
(7) One of the central ideas of this thesis is that there are a number of microstructural re-
gions capable of initiating a fatigue crack and these regions are heterogeneously distributed
throughout sample gage volumes. It seems reasonable that this concept, namely that fatigue
critical regions are randomly distributed throughout fatigue specimens, could be scaled up
to predict the failure probability of full scale components across an entire fleet. To as-
sess the validity of this approach, experiments designed to investigate the volumetric effect
could aid designers and practitioners in applying these concepts to a fleet of components.
Therefore, testing of the hypothesis by investigating the volumetric effects in laboratory





Figure A.1: The part drawing for the fatigue specimens used in this study.
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